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Abstract 
Processing, Microstructures and Properties of a Dual-Phase 
 Precipitation-Hardening PM Stainless Steel 
 
Christopher Schade 
Roger D. Doherty, D. Phil. 
Alan Lawley, Ph.D. 
 
 
 
To improve the mechanical properties of PM stainless steels in comparison with their 
wrought counterparts, a PM stainless steel alloy was developed which combines a dual-
phase microstructure with precipitation-hardening. The use of a mixed microstructure of 
martensite and ferrite results in an alloy with a combination of the optimum properties of 
each phase, namely strength and ductility. The use of precipitation hardening via the 
addition of copper results in additional strength and hardness. A range of compositions 
was studied in combination with various sintering conditions to determine the optimal 
thermal processing to achieve the desired microstructure. The microstructure could be 
varied from predominately ferrite to one containing a high percentage of martensite by 
additions of copper and a variation of the sintering temperature before rapid cooling.  
Mechanical properties (transverse rupture strength (TRS), yield strength, tensile strength, 
ductility and impact toughness) were measured as a function of the v/o ferrite in the 
microstructure.  A dual phase alloy with the optimal combination of properties served as 
the base for introducing precipitation hardening. Copper was added to the base alloy at 
various levels and its effect on the microstructure and mechanical properties was 
quantified. Processing at various sintering temperatures led to a range of microstructures; 
dilatometry was used utilized to monitor and understand the transformations and the 
formation of the two phases.  
 xiv
The aging process was studied as a function of temperature and time by measuring TRS, 
yield strength, tensile strength, ductility, impact toughness and apparent hardness.  It was 
determined that optimum aging was achieved at 538 oC for 1h.  Aging at slightly lower 
temperatures led to the formation of carbides, which contributed to reduced hardness and 
tensile strength.  As expected, at the peak aging temperature, an increase in yield strength 
and ultimate tensile strength as well as apparent hardness was found.  Aging also lead to 
an unexpected and concurrent increase in ductility and impact toughness. The alloys also 
showed an increase in strain hardening on aging.  The increase in ductility varied with the 
v/o martensite in the microstructure and was shown to occur after short time intervals at 
the optimum aging temperature.  Compressive strength measurements revealed that the 
increase in ductility was due to the relaxation of residuals stresses that occur when the 
high temperature austenite transforms to martensite in the dual phase microstructure. The 
specific volume of martensite is much larger than that of austenite so that when the 
transformation takes place, a compressive stress is induced in the ferrite.  In the sintered 
state, the residual stress leads to a higher work hardening rate in tension.  When the alloy 
is aged, the work hardening rate is reduced and the ductility is increased compared with 
the sintered state, even though aging increases the strength and apparent hardness.   
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CHAPTER 1: INTRODUCTION 
 
 In the competition between wrought and powder metallurgy (PM) stainless steels, 
PM materials are at a disadvantage due to the deleterious effect of porosity on mechanical 
properties such as tensile strength, ductility and impact toughness.  Furthermore, the use 
of increased alloy levels in PM stainless steels is both costly and counter-productive due 
to their negative effect on compressibility.  Compressibility of the powder dictates the 
density that can be achieved by compaction.  Generally the addition of alloying elements 
results in solid solution strengthening of the iron powder and makes it difficult to achieve 
the desired density.  The addition of graphite, which is used for increasing mechanical 
properties in PM ferrous alloys and low alloy steels, is detrimental to corrosion resistance 
and ductility.  In order to achieve improved mechanical properties and maintain corrosion 
resistance in PM stainless steels, it is necessary to explore non-traditional strengthening 
mechanisms. 
It has been shown that by utilizing a dual phase (DP) microstructure increased 
strength in a PM stainless steel can be achieved [1-3]. The microstructure is a 
combination of ferrite and martensite.  Since the ferrite is softer than the martensite it 
allows for a higher density to be achieved during compaction thus leading to a higher 
green and sintered density, which improves ductility and toughness. The martensite 
imparts strength and hardness to the two-phase structure.   
DP low alloys steels were developed in the late 1970’s to provide a material with 
high strength and formability for automotive applications.  The combination of these two 
properties led to weight savings in automotive components such as door and fender 
panels.  DP steels have a microstructure consisting of predominately ferrite with five to 
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twenty percent of a hard second phase (generally martensite and/or bainite).  Due to the 
composite microstructure of the DP steels they exhibit interesting mechanical properties 
such as continuous yielding, a low yield stress to ultimate tensile strength ratio, a high 
initial rate of work hardening and good ductility.  The improved ductility is evident by an 
increase in uniform strain and an increase in strain at fracture. The high uniform strain is 
a result of the high work hardening rate of these steels and manifests itself as an 
improved resistance to necking during deformation.  Therefore, typical DP steels will 
have greater ductility at equivalent strengths compared with low alloy or other high 
strength steels. 
The levels of martensite and ferrite can be balanced by adjusting the content of 
the austenite stabilizers (copper and nickel) and the ferrite stabilizers (chromium, 
molybdenum and silicon).  One of the most common DP PM stainless steels, SS-409LNi, 
is used for automotive exhaust flanges.  The ferritic content of SS-409L is reduced by 
admixing nickel which promotes the formation of high temperature austenite during 
sintering, and which transforms to martensite during cooling. 
Precipitation hardening (PH) stainless steels are not defined by their 
microstructure, but by the strengthening mechanism.  These grades can have austenitic, 
semi-austenitic or martensitic microstructures and can be hardened by aging at 
moderately elevated temperatures in the range of 480 oC to 620 oC.  Strengthening is due 
to the formation of intermetallic precipitates from elements such as aluminum or copper. 
Aluminum’s high affinity for nitrogen and oxygen in PM stainless steels necessitates 
strict atmosphere control during sintering and, for this reason, copper is the most 
commonly used element for precipitation hardening. These alloys generally have high 
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strength and high apparent hardness while exhibiting superior corrosion resistance 
compared with martensitic stainless steels. This improved corrosion resistance is derived 
from the fact that the carbon level is low and the martensite is formed as a result of the 
addition of copper and nickel. Carbon is detrimental to corrosion resistance because it 
depletes the matrix of chromium by forming chromium carbides rendering the steel 
susceptible to intergranular corrosion. The low carbon martensite that is formed is weaker 
but more ductile than the martensite formed in alloys such as carbon-bearing SS-410-
90HT. Strengthening of these alloys is developed by aging.  
One of the most common PH stainless steel grades in both the wrought and PM 
industries is 17-4 PH.  This grade has a martensitic microstructure and its strength and 
hardness can be improved by aging treatments [4-7]. The general corrosion response of 
this alloy is superior to that of standard martensitic stainless steels due to its higher 
chromium level. 
There are many applications in which stainless steels with moderate corrosion 
resistance (compared with 17-4 PH) but excellent mechanical properties are required.  A 
widely used alloy is SS-410-90-HT; this is a PM 410L stainless steel in which graphite is 
added to the atomized powder and the alloy is sintered in a nitrogen-rich atmosphere.  
When carbon and nitrogen are added to 410L stainless steel, the microstructure becomes 
martensitic, thereby increasing both strength and hardness.  This grade of stainless steel is 
used in applications where high strength and hardness are required.  The disadvantage of 
using carbon and nitrogen is that both elements degrade corrosion resistance and also 
reduce impact strength and ductility.  Many PM fabricators select this alloy because there 
are few alternative compositions.   
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The purpose of the current study was to develop an alternative composition that 
makes use of the two strengthening mechanisms.  The combination of a dual phase 
microstructure and PH should allow for the development of a low cost, high strength 
alloy with moderate corrosion resistance.  The development of this dual phase 
precipitation hardening (DPPH) alloy is expected to improve the competitive advantage 
of PM over comparable wrought stainless steels. 
The research focused on three main areas:  First it was necessary to determine the 
optimum chemistry to form a DP microstructure by balancing the austenite stabilizers 
with the ferrite stabilizers, while incorporating copper for PH.  In addition to chemistry, 
the processing conditions, in particular the sintering temperature, had to be controlled in 
order to manipulate the relative amounts of ferrite and martensite, and their different 
compositions.   
Once the optimum microstructure was developed the mechanical properties had to 
be understood as a function of the microstructure and aging treatment. Since copper 
partitions between the high temperature austenite and the ferrite, the precipitation 
reaction is more complex than in a single-phase alloy.   
In the course of this study, an unexpected phenomenon was found, namely an 
increase in ductility on aging while the strength and hardness increased.  It was not 
unexpected that the as sintered DP microstructure had good tensile ductility, as this is 
known in the classic dual phase structural steels.  However aging to increase the yield 
strength and microindentation hardness of both the ferrite and martensite was not 
expected to result in increased ductility.  PH in other systems, for example aluminum 
alloys, always reduces the tensile ductility. In the DPPH PM stainless steels, this behavior 
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appears to be related to a combination of the DP microstructure and PH.  In order to 
understand the phenomena it was necessary to investigate the chemical, physical and 
mechanical metallurgy of both the atomized powders and the final sintered alloys. 
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CHAPTER 2: BACKGROUND 
 
 MPIF Standard 35 [8] lists the most common grades of stainless steel used by PM 
parts manufacturers. These include austenitic grades such as 303L, 304L and 316L, and 
ferritic grades such as 409L, 410L, 430L and 434L.  However, with the continued growth 
and usage of stainless steels many opportunities exist for specialized stainless steel grades 
not covered by Standard 35.  These include applications requiring enhanced physical and 
mechanical properties, corrosion resistance, weldability and machinability.  There are 
additional grades covered by the American Iron and Steel Institute (AISI) that can be 
manufactured by conventional press and sinter PM, Figure 1. 
 
 
 
Figure 1: Commercial stainless steel alloy systems (AISI designations) [9]. 
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The AISI designation for these alloys is well known with the series 200 and 300 
referring to austenitic stainless steels and the 400 series covering the ferritic and 
martensitic stainless steels.  However, since PM processing produces sintered alloys that 
are only 80-90% as dense as their wrought counterparts, the mechanical properties of PM 
stainless parts are typically inferior to the latter.  In low alloy PM steels additional 
alloying elements such as carbon (in the form of graphite) are added to the powders to 
enhance strength and hardness.  This approach is not suitable for PM stainless steels since 
corrosion resistance decreases with increasing carbon content.  In order to improve 
mechanical properties and maintain corrosion resistance, other strengthening mechanisms 
such as mixed microstructures (DP- ferrite and martensite) and PH can be utilized. 
 
2.1 Processing of PM Stainless Steels 
 
In order to rationalize current limitations in the use of PM stainless steels it is 
necessary to understand the manufacture of the powder and its subsequent processing into 
a part. Typically, stainless steel powders are produced by water atomization. This 
involves melting in an induction furnace and pouring from the furnace into a tundish or 
crucible positioned over the atomizing jets (Figure 2).  A metering nozzle directs the 
stream into the center of the water jets.  As the water jets hit the molten stream, the 
stream disintegrates into droplets, which solidify into particles. The water/powder slurry 
is then collected in a chamber and the slurry is pumped to a de-watering device such as a 
vacuum filter.  After the powder is de-watered (typically at this stage it contains between 
five and six w/o moisture) it is dried in a rotary oven, which is heated by a combustion 
burner.  Once dried, the powder is screened or classified to a final particle size, 
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depending on its intended use.  The typical batch size for stainless steel powders is 
between one and five mt. 
 
 
.  
 
 
Figure 2: Schematic of a representative set-up to melt and water atomize stainless steel 
powders [10]. 
 
 
 
A comparison of cast and PM grades of stainless steels, with respect to chemical 
composition, is shown in Table 1.  It is obvious that there are substantial differences in 
the levels of manganese, silicon, nitrogen and oxygen.  In addition, residual elements 
such as copper, phosphorus and sulfur are lower in the PM grades of stainless steel than 
in the wrought counterparts.  In powders the manganese content is kept low while the 
silicon content is kept high.  This combination enhances the formation of an oxide layer 
on the particle surfaces that minimizes the overall oxygen content of the powder.  High 
oxygen contents lead to a low green density and incomplete reduction of the oxides 
during sintering.  Other elements in PM stainless steels act as solid solution 
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strengtheners, thus increasing the hardness of the powder and limiting the density 
achieved during compaction.  Thus the general trend in PM stainless steels is to limit the 
alloying elements added to the melt in order to maximize green density.  Essentially there 
is a trade off between solution strengthening and final part density, thus the need for 
strengthening mechanisms that are operative with low alloy content.   
 
 
 
Table 1: Comparison of Chemistry of PM and Cast Stainless Steels (w/o). 
Alloy C S O N P Si Cr Ni Cu Mn Mo Nb/Ti
304L
P/M 0.018 0.010 0.300 0.030 0.025 0.85 18.20 11.00 0.08 0.15 0.08 NA
CAST 0.015 0.015 0.004 0.080 0.030 0.50 18.20 9.00 0.30 1.50 0.30 NA
316L
P/M 0.018 0.010 0.300 0.030 0.025 0.85 16.30 13.00 0.08 0.15 2.15 NA
CAST 0.015 0.015 0.004 0.060 0.025 0.50 16.45 10.15 0.30 1.50 2.15 NA
410L
P/M 0.018 0.010 0.300 0.020 0.025 0.85 11.80 0.20 0.08 0.15 0.08 NA
CAST 0.015 0.010 0.004 0.007 0.025 0.30 11.30 0.20 0.20 0.30 0.10 NA
409L
P/M 0.018 0.010 0.300 0.020 0.025 0.85 10.80 0.20 0.08 0.15 0.08 10 x C
CAST 0.015 0.010 0.004 0.010 0.018 0.40 11.25 0.20 0.10 0.30 0.05 10 x C
 
 
 
 
 
2.2 Part Fabrication 
 
In order to process the powder into a finished part such as a gear, it must undergo 
several steps.  The powder is generally mixed with a lubricant and frequently some other 
additives in powder form such as copper or graphite.  The powder and the additives are 
mixed together in a double cone blender in order to achieve a homogeneous mixture 
suitable for pressing.  The mixture is poured into a die and compacted into a green part 
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using either a hydraulic or mechanical press.  The part is called a green body at this stage 
because it possesses minimal strength.  The strength of the part is dependent on the 
mechanical interlocking of the powder particles that occurs during compaction.  The 
density achieved in the green state is termed the green density and is impacted by the 
level of alloying elements in the powder.  Many elements such as chromium, copper and 
nickel, which solution strengthen the alloy, limit the green density to which the compact 
can be pressed.  The part (or compact) is then sintered at temperatures between 1149 oC 
and 1260 oC in a reducing atmosphere.  Sintering results in diffusion bonding of the as-
compacted powder particles, typically without the formation of a liquid phase.  Sintering 
increases the density of the compact by 10 to 20 %, which is 85 to 90 % of the density of 
the cast alloy. Secondary operations such as heat treatment, machining or welding can be 
performed, as needed, to produce the final part.  The steps of processing powder into a 
finished part are shown in Figure 3. 
 
 
The P/M Process 
Raw  
Materials 
Compaction 
Sintering 
Secondary 
Operations 
Mixing 
Elemental 
or Alloy 
Powders 
+ 
Additives 
(Graphite
/ Lubricants) 
Controlled Atmosphere 
Repressing; Heat Treatment; Machining; Welding 
 
 
Figure 3: The PM route for producing a finished part.  
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In light of current limitations in compaction pressure and sintering temperatures, a 
typical PM part is only 80 to 90 percent of its pore free density.  The mechanical 
properties improve as the level of porosity is reduced.  Tensile strength, ductility, 
toughness and fatigue strength are all a function of the sintered density.  Since densities 
that can be achieved are limited by current PM processing, other methods to improve the 
mechanical properties need to be explored. 
 
2.3 Dual Phase (DP) Stainless Steels 
 
For low alloy dual phase structures Becker [11] has devised a classification 
scheme for the microstructures that can exist.  Figure 4 summarizes the possible 
combinations of ferrite and martensite.  In this figure the dark phase is martensite and the 
light phase is ferrite.  In the structure termed “dispersion” the martensite is completely 
encapsulated by the ferrite and there are no martensite/martensite boundaries.  A 
“network structure” has no ferrite/ferrite boundaries and consists of ferrite surrounded by 
martensite.  As in a network structure, the martensitic islands are all connected by 
ferrite/ferrite grains in the DP structure and are completely surrounded by ferrite. An 
ideal duplex structure is described as having equal amounts of ferrite/ferrite and 
martensite/martensite grain boundaries, as well as equal amounts (v/o) of each phase.  In 
addition the idealized duplex structure would have a similar or equal ferrite and 
martensite grain size. 
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Figure 4: Schematic representation of basic two-phase microstructures [11].  
 
 
 
In general, for stainless steels, these definitions are more liberal. Two-phase 
mixtures of austenite and ferrite are described as duplex steels while those containing 
ferrite and martensite are termed DP.  The relative volume fractions and boundary 
structure are not considered and the nomenclature is less specific. 
  In the wrought steel industry DP stainless steels have been developed to replace 
carbon and galvanized steels.  The purpose of DP stainless steels is to provide corrosion 
resistance in ferritic stainless steels, while maintaining the strength, toughness and 
ductility characteristics of the carbon steels [12]. DP stainless steels are commonly used 
in applications where the mechanical properties of the carbon steels are acceptable, but in 
which the corrosion resistance is marginal.  Typical applications for this grade of steel in 
plate form include coal cars, coal-handling equipment, electrical transmission towers, 
floor plates, tubing, and buckets for front-end loaders.  The unique properties of dual-
phase stainless steels are a consequence of the microstructure.  Unlike duplex stainless 
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steels, which exhibit a mixed microstructure of austenite and ferrite, dual-phase stainless 
steels exhibit a microstructure consisting of martensite and ferrite. The strength of the 
ferritic phase is controlled primarily by its composition and is characterized by a low 
yield strength, ultimate tensile strength and hardness with an accompanying low strain 
hardening rate.  The strength of the martensite in this low carbon stainless steel depends 
primarily on its structure (lathe versus plate) and is characterized by a higher tensile 
strength, hardness and strain hardening rate, but with lower ductility compared with 
ferrite.   It is the combination of the properties of these two phases that results in their 
unique combination of strength and ductility. Representative microstructures are shown 
in Figure 5. 
 
 
 
 
 
   
(a)            (b) 
Figure 5:  Representative microstructures of a DP stainless steel:  (a) Duracorr cast and 
hot-rolled plate. Note the banded microstructure due to rolling.  (b) press + sinter PM DP 
stainless steel; sintered density 7.20 g/cm3. Note: Light areas are ferrite while dark areas 
are martensite. 
 
 
 
At normal sintering temperatures for stainless steels (~1260 oC), the 
microstructure consists of a mixture of ferrite and austenite.  Upon cooling to room 
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temperature, the austenite transforms to martensite.  The proportions of austenite and 
ferrite can be determined by the lever rule. The addition of other elements to the iron-
chromium system broadens the ferrite + austenite region, and this makes it difficult to 
accurately determine the phases present [13]. 
To predict the microstructure of a DP stainless steel, it is necessary to understand 
the attendant phase equilibria. The pseudo-phase diagram in Figure 6 shows the 
dependence of phase stability on temperature and on a parameter termed the ferrite factor 
(Km)- to be defined.   
  Since the transformation of austenite to martensite in ferritic stainless steels 
results in weld embrittlement, several empirical methods and tools, such as the Schaeffler 
diagram, the Delong diagram, and the ferrite factor, (Km), have been developed to predict 
the microstructure [14].  These predictions can also be used in the development of the 
microstructure in DP stainless steels.  The most commonly used tool is the ferrite factor 
(Km). 
 
Figure 6: Phase relations in the iron-chromium system as a function of the ferrite factor  
(Km) and temperature. 
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In developing dual-phase-stainless steels, several authors have used the ferrite 
factor (Km) [13, 15-16] to account for the influence of alloying elements in stabilizing 
austenite or ferrite.  The empirical equation for calculating the ferrite factor (Km) is:  
 
Km = Cr + 6Si + 8Ti + 4Mo + 2Al – 2Mn – 4Ni – 40(C+N) – 20P – 5Cu (1) 
          
where chromium, silicon, etc. are the levels (w/o) of each element present in the alloy. 
 
Aluminum, chromium, molybdenum silicon, and titanium stabilize the ferrite. Carbon, 
copper, manganese, nickel, nitrogen and phosphorus promote the formation of high 
temperature austenite, which transforms to martensite during cooling.  
In the commercial wrought grades of stainless steel, the optimum ferrite factor 
(Km) has been determined to lie between 8 and 13. However, it is difficult to compare 
ferrite factors for alloys of substantially different base compositions [17-18]. In general, a 
low Km (< 6) translates into a stainless steel with a predominantly martensitic 
microstructure, whereas a high Km (> 15) is indicative of a stainless steel with a 
predominantly ferritic structure.  Ferrite factors between these values result in mixed 
microstructures of martensite and ferrite.  It is this mixed (or dual-phase) microstructure 
that promotes the unique combination of high strength and toughness, while maintaining 
ductility and fatigue strength. 
Representative chemical compositions of wrought DP stainless steels are shown 
in Table 2.  In order to develop a DP PM stainless steel, changes have to be made to the 
overall chemical composition.  The following is a review of the role and influence of 
specific elements, in relation to PM DP stainless steels: 
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Carbon, Nitrogen, Oxygen and Sulfur - The levels of these elements are generally kept 
as low as possible in order to improve compressibility and sinterability. Nitrogen and 
carbon stabilize the austenite. 
 
Silicon- In order to produce a powder that is low in oxygen, the silicon level in the melt 
prior to atomization must be relatively high (~0.85 w/o).  Silicon adds strength to the 
alloy, and also stabilizes the ferrite. 
 
Chromium- This element is a ferrite stabilizer and imparts corrosion resistance. There 
are small attendant increases in strength, hardenability, and wear resistance. 
 
Nickel- The primary influence of nickel is to promote the formation of high temperature 
austenite.  In addition, nickel is known to improve toughness, impact resistance and 
corrosion resistance.    The element can be used at moderate levels in PM steels without 
significantly decreasing compressibility. 
  
Manganese- This element is generally kept at a low level in PM stainless steels, due to 
the formation of a porous oxide on the powder particle surfaces.  The porous oxide leads 
to a high level of oxygen on the particle surfaces, which impedes sintering.  Manganese 
also enhances the work hardening capacity of the alloy and decreases the compressibility 
of the powder. Manganese is also an austenite stabilizer but since the levels are very low 
in PM stainless steels this effect is minimal. 
 17
 
Copper- Copper increases corrosion resistance, with attendant solid solution 
strengthening.  If it is kept at a low level, copper does not dramatically impair the 
compressibility of the powder. At higher levels it acts as an austenite stabilizer. 
 
Molybdenum- Hardenability and high temperature strength are enhanced by 
molybdenum.  The element also aids high-temperature oxidation resistance.  In wrought 
DP stainless steels, molybdenum increases impact toughness [12,17].  Chromium, 
manganese, molybdenum and nickel all contribute to the hardenability of these steels and, 
because of the significant levels of these elements, in particular chromium, martensite can 
form, even at low cooling rates. 
 
 
 
Table 2:  Composition of Representative Wrought DP Stainless Steels (w/o).  
 
 
Based on this review, and the fact that optimum combinations of properties in the 
wrought grades of stainless steels are achieved with Km values between 8 and 13, a series 
of PM DP stainless steel alloys was fabricated. 
 
2.4 Precipitation Hardening (PH) Stainless Steels 
 
 PH stainless steels have seen limited use in PM despite their high strength.  
Strengthening of these alloys is achieved by adding elements such as copper and 
Alloy
UNS41003 C S N P Si Cr Ni Cu Mn Mo Ti
3CR12 0.026 0.015 0.014 0.023 0.44 11.26 0.68 0.06 1.16 0.02 0.35
Durracorr 0.025 0.008 0.030 0.040 0.70 11.60 1.00 0.03 1.50 0.25 ---
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niobium, which form precipitates during aging.  The PH grades exhibit corrosion 
resistance levels comparable with those of the chromium-nickel (300 series) grades.  PH 
(commonly called age-hardening) occurs when two phases precipitate from a 
supersaturated solid solution.  For example: 
 
Solid A Solid A’ + Solid B.       (2) 
 
The primary requirement of an alloy for PH is that the solubility of B in A decreases with 
decreasing temperature, so that a supersaturated solid solution forms on rapid cooling. 
 
 
 
 
 
Figure 7: Precipitation hardening sequence [19]. 
 
 
 
Strengthening as a result of precipitation hardening takes place in three steps (Figure 7) 
[19]: 
 
(1) Solution treatment, in which the alloy is heated to a relatively high temperature 
that allows any precipitates or alloying elements to go into a supersaturated solid 
solution.  Typical solution treatment temperatures are in the range of  982 oC to 
1066 oC. 
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(2) Quenching, in which the solution treated alloy is cooled to create a supersaturated 
solid solution. The cooling can be achieved using air, water or oil. Regardless of 
the method of cooling, the cooling rate must be sufficiently rapid to create a 
supersaturated solid solution. 
 
(3) PH (age hardening), in which the quenched alloy is heated to an intermediate 
temperature and held for a period of time.  At these intermediate temperatures the 
supersaturated solid solution decomposes and the alloying elements form small 
precipitate clusters.  The precipitates hinder the movement of dislocations and 
consequently the metal resists deformation and becomes harder. (discussed in 
detail in the following section). 
 
 
Austenitic, semi-austenitic and martensitic PH stainless steels currently exist.  The 
austenitic and semi-austenitic compositions were originally designed for aerospace 
applications at high temperatures (>704 oC) where high strength is required.  The 
martensitic PH alloys are more widely used than the austenitic and semi-austenitic 
grades, and are the basis of the current work.  Several elements are commonly used for 
the precipitation reaction, including aluminum, copper and titanium.  Aluminum and 
titanium are difficult to sinter without the formation of oxides or nitrides, which, in PM 
steels, can degrade mechanical properties.  Copper is the most pervasive element used in 
precipitation hardening but excessive amounts in PM steels can lead to a lower overall 
density due to its negative effect on compaction. At levels > 1 w/o, copper reduces the 
green density of PM alloys.  This effect is one of the primary reasons why 17-4 PH, has 
not gained wider acceptance in PM.  The copper level in this alloy (4 w/o) lowers the 
overall density that can be achieved by compaction and the mechanical properties are 
inferior due to the limited final density. 
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2.5 Precipitation and Effect on Mechanical Properties 
Copper initially precipitates from the alpha iron in the form of homogeneous body 
centered cubic (BCC) spherical metastable clusters of copper atoms [21-31].   Since the 
size of the copper and iron atoms are similar, these clusters are coherent with the matrix 
(minimal distortion of the crystal lattice).  This type of precipitate is usually cut by 
dislocations and the work hardening rate is not significantly changed from that of the 
solid solution.  As aging proceeds the coherent BCC clusters increase in diameter and the 
yield strength increases. The BCC clusters grow in diameter from around 2 nm to 5 nm 
with the yield strength and work hardening rate increasing until a critical size is reached. 
The critical size (4 to 12 nm) corresponds to a reduction in strain energy and interfacial 
energy which leads to a transformation from the BCC structure to an intermediate closed 
packed structure, known as 9R. This results in a decreased strengthening effect.  Upon 
over-aging the formation of a copper-rich face centered cubic (FCC) precipitate occurs. 
Thus the sequence of copper precipitation in iron is: 
 
Solution of copper in α-iron  BCC copper  9R copper FCC ε-copper 
 
Precipitation of copper in iron has been studied by a number of authors in an 
attempt to predict the mechanical properties of the alloy system [32-34]. Copper 
precipitates in iron can be considered as a disperse phase in a ductile matrix. The effect 
on mechanical properties can be understood in terms of the yield strength and work 
hardening response [35-36]. There is a marked difference in deformation behavior 
depending on the nature of the precipitate (i.e. coherent or noncoherent) and can best be 
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described by examining the stress strain curves for Al-4.5 w/o Cu single crystals. When 
the alloy is solution treated and quenched and the copper is all in solution, the yield 
strength is higher than that of pure aluminum.  This is due to the solution strengthening 
effect of the copper. The resistance to dislocation motion is low so that the work 
hardening rate is also low.   
 
 
 
Figure 8:  Stress-strain curves for Al-Cu single crystals in various conditions (schematic) 
[35]. 
 
 
In the second aging step in which the coherent clusters are formed, the yield 
strength increases significantly but the work hardening rate remains low.  This indicates 
that coherent clusters are sheared by dislocations once the stress reaches a high enough 
value.  The stress required to cut the precipitates is higher then the stress required to 
move dislocations in the solution treated alloy.  In the peak aged condition the 
dislocations can no longer cut the precipitates and must find ways to circumvent the 
particles.  Although the alloy in the peak aged condition shows a slight drop (or constant) 
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yield strength the work hardening rate is substantially increased.  In the over-aged 
condition, the coarse particles are noncoherent and the yield strength is low.  However, 
work hardening in the overaged condition is high. This high work hardening rate is due to 
the high density of dislocation loops left at precipitate particles promoting slip on 
secondary slip systems. The high stresses from the dislocation loops around the 
precipitates cause them to deform elastically and the particles carry a large portion of the 
load.  The limit in strength in the overaged state is actually the yielding or fracture of the 
particles, or from the matrix tearing away from the particles.   
The preceding discussion is also impacted by the size and distribution of the 
particles at the various stages.  For example, work hardening in the overaged condition 
decreases with increasing interparticle spacing.  The dispersion of the second phase 
particles can be described in terms of the particle diameter, the volume fraction and 
interparticle spacing, all of which are interrelated. 
 
2.6 Deformation Behavior in DP Steels 
 
 Research on DP steels indicates that a composite microstructure of martensite and 
ferrite leads to enhanced combinations of strength and ductility, combined with a high 
work hardening rate [37-38].  The mechanical properties of a dual phase steels depend on 
the properties of the individual phases as well as the v/o of each phase.  The strength of 
the ferrite is controlled by its chemical composition and the dislocation structure induced 
when martensite forms.  The strength of the martensite depends primarily on its carbon 
content and, to a lesser extent, on the type of martensite that forms (lath versus plate). 
  The formation of martensite is the result of a diffusionless transformation in 
which the crystal structure changes from FCC to BCC or BCT and is achieved by a 
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homogeneous deformation of the austenite [39].  The carbon, which was in solid solution 
in the austenite, becomes trapped by the deformation and becomes ordered to form the 
BCT crystal structure.  The tetragonal strain caused by the carbon (and nitrogen) trapped 
in the structure renders dislocation motion difficult and the martensite is harder and 
stronger than the parent phase austenite. The martensitic transformation is athermal, 
meaning that the amount of martensite depends only on the amount of under-cooling 
from the martensite start temperature (Ms) and not on time at temperature.  The change in 
lattice dimensions caused by the transformation forces the martensite to form thin-packets 
called laths.   
In alloys containing 0.6 w/o C the laths align parallel to one another and contain a 
high density of tangled dislocations. At carbon levels > 0.6 w/o, the martensite is a 
combination of lath and acicular (plate) martensite.  Unlike lath martensite, plate 
martensite forms in isolation rather than in packets.  The plate martensite differs in the 
shape of the transformation unit and the transformation sequence is characterized by 
nonparallel plate formation.  Plates are formed by twinning, in which the parent lattice is 
homogeneously sheared into twin orientations. Since the twins are low angle 
subboundaries they act as obstacles to dislocation motion and contribute to the overall 
strength.  Above 1.2 w/o C the martensite changes from a mixture of lath and plate to all 
plate. 
In the present case, with the low carbon martensite in stainless steels, work 
hardening is complicated by the fact that the martensite can deform plastically. In order to 
understand the work hardening behavior of these steels it is necessary to know the 
properties of each phase and the distribution of the stress and the strain between the 
 24
phases. Figure 9 shows a series of stress-strain curves of a group of stainless steels, 
similar in composition but with three different microstructures: (a) ferritic (b) 
ferritic/martensitic and (c) martensitic.  The ferritic steel is characterized by a low flow 
stress, a low work hardening rate but a high uniform and total elongation.  The fully 
martensitic structure exhibits a high flow stress, high work hardening rate but low 
elongation.  The dual phase microstructure exhibits a lower initial flow stress than the 
martensitic structure, but a higher initial flow stress and higher uniform and total 
elongation at approximately the same tensile strength. 
 
 
 
Figure 9:  Stress strain curve for ferrite, martensite and DP stainless steels. 
 
 
  From this discussion it is concluded that the deformation behavior of DP steels 
can vary, depending on the microstructure that is present as illustrated in Figure 10.  If the 
DP steel contained small amounts of high carbon martensite, only the ferrite deforms 
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plastically so that the stress-strain behavior would be similar to that of dispersion 
strengthened alloys. If the steel included a large amount of ductile martensite, the stress- 
strain behavior would be similar to that of a duplex alloy containing two plastically 
deformable phases [40-41].   
 
 
 
 
 
 
 
               
                       (a)           (b) 
Figure 10:  Comparison of in situ stress-strain curves of ferrite, martensite and ferrite-
martensite composite (a) martensite (v/o = 22) - no plasticity, and (b) martensite (v/o = 
50), -large plasticity [40].  
 
 
The deformation behavior can be further complicated by inhomogeneous deformation of 
the ferrite-martensite, such as plastic deformation of the ferrite, accumulation of 
unrelaxed plastic incompatibility, plastic relaxation and yielding of the martensite.  
 
2.7 Yielding Behavior and Residual Stresses in DP Steels 
 
 The transformation of austenite to martensite in the DP microstructure leads to a volume 
expansion of approximately 2-3 percent.  Since this transformation is diffusionless it is 
expected to result in residual stresses in the martensite and the ferrite matrix.  It has been 
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concluded that the shear nature of the transformation would lead to an introduction of a 
high number of dislocations into the ferrite matrix and that these dislocations are 
responsible for the continuous yielding that is characteristic of DP steels [42-44]. A 
number of investigators [45-47] have documented high dislocation densities in the ferrite 
adjacent to martensite particles using transmission electron microscopy (TEM).   
Figure 11 shows one such microstructure [48] showing that the dislocation density 
is low in the interior of the ferrite particle and near ferrite/ferrite grains but the dislocation 
density is high near the ferrite/martensite boundary. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 11: Bright field transmission electron micrograph of DP steel [48].  
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These dislocations are highly mobile and lead to a lower work hardening rate and 
contribute to the continuous yielding of the DP steels. This results in higher elongation 
values at a given tensile strength than in other high strength steels.  
Sherman et al [45] showed that the average ferrite dislocation density increased as 
a function of the martensite content. They postulated that the increase in dislocation 
density with martensite was the result of the increased amount of strain that has to be 
accommodated when higher levels of austenite transform to martensite. It was also 
concluded that the strength of the ferrite increases with the increased martensite content  
 
 
 
Figure 12: Dislocation density, measured in the ferrite phase, of DP steels versus 
martensite content [45]. 
 
 
 
due to the cold work resulting from the increase in dislocation density and the increased 
plastic strain in the ferrite. 
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2.8 Deformation of PH Single Phase Alloys 
 
The work hardening response of PH alloys depends on a number of factors such 
as the strength of the matrix, the size of the precipitates, the number and spacing of the 
precipitates, coherency of the precipitates with the matrix, and the nature of the 
precipitates (i.e. whether the precipitate can be sheared).  The effect of aging time and 
temperature on copper precipitation in single-phase alloys is well established.  The 
precipitation phenomena in the iron-copper system has been investigated extensively [21-
31].  The relationship between precipitation and mechanical properties, such as strength 
and hardness has also been investigated as well as the structure and size of precipitates 
[32-34].  A quantitative understanding of the interaction between dislocations, 
precipitates and mechanical properties is essential in designing an effective alloy system.  
Hornbogen [25] studied the aging behavior of a Fe -0.9 w/o Cu alloy by examining the 
tensile properties and microstructure via TEM.  The four stages examined were: (1) 
homogeneous solid solution of copper in ferrite; (2) pre-precipitation clustering of copper 
atoms; (3) precipitation of FCC copper rich particles; and (4) growth of copper particles.   
The results are consistent with the discussion in Section 2.3 for the Al- 4.5 w/o Cu 
alloy and are summarized in Figure 13.  The yield strength increased during clustering 
due to the fact that the strain induced in the matrix remained nearly constant during 
precipitation of the copper-rich phase, then decreased during over aging.  The work 
hardening rate decreased slightly during clustering, and then increased when the particles 
formed. 
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Figure 13: Schematic diagram of the changes in tensile properties and dislocation 
configuration in aged Fe-0.9 w/o Cu alloys [25]. 
 
 
 
 
As the particles coarsen and the interparticle spacing increases during overaging, 
the work hardening rate and yield strength decrease.  The ductility, measured by the 
uniform elongation, decreases as the yield strength increases and increases when the yield 
strength decreases.  From TEM observations on the deformed tensile specimens it was 
determined that the changes in tensile properties during clustering are due to the decrease 
in dislocation mobility when vacancies form jogs on screw dislocations.  When the FCC 
precipitates appeared, there was no abrupt change in the dislocation configuration.  In the 
overaged state the main source of dislocations was at the interface between the particles 
and the ferritic matrix. The dislocation configuration changes from one consisting of a 
uniform distribution to one consisting of tangles and cells as the interparticle spacing 
 30
increases. The decreased rate of work hardening during this stage is a result of the 
enhanced ability of the dislocations to rearrange. 
 While Hornbogen detailed copper precipitation in a ferrite matrix, similar effects 
have been found in a matrix that is martensitic.  Perhaps the most common alloy of this 
type is 17-4 PH stainless steel.  17-4 PH is a martensitic stainless steel containing 3 to 4 
w/o Cu and is strengthened by copper precipitates in a martensitic matrix.  In the solution 
treated condition, the alloy does not exhibit high strength and hardness.  The physical 
metallurgy of 17-4 PH was reviewed by Anthony [30].  The alloy in normally solution 
treated at 1040 oC and at this temperature the structure is austenitic.  Upon cooling the 
austenite is not stable and transforms to martensite at room temperature and the 
transformed structure is supersaturated by the copper.  Aging of this alloy generally 
occurs in the temperature range of 480 to 600 oC.  If the precipitation reaction is ignored, 
aging of the martensitic 17-4 PH alloy can be considered a tempering process, and the 
hardness would be expected to decrease with time and temperature.  However, since the 
precipitation of copper is occurring over the same temperature range, the net effect of 
these two reactions has to be considered.   Figure 14 shows the influence of aging 
temperature on the tensile properties of wrought 17-4 PH stainless steel [49]. 
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Figure 14:  Influence of aging temperature on the tensile properties of wrought 17-4 PH 
stainless steel [49]. 
 
 
 
Of particular note is the fact that the strength increase is not accompanied by any 
significant decrease in ductility, as measured by elongation and reduction in area. 
Microstructural analysis by several authors has shown that the martensitic matrix has lath 
morphology and a high dislocation density within the laths. Viswanathan et al. [50] 
studied the effects of aging on the microstructure of 17-4 PH stainless steel using TEM 
and concluded that the following processes took place during aging: (1) rearrangement of 
dislocations within the martensite laths; (2) an increase in hardness due to the formation 
of copper-rich zones; and (3) formation of FCC copper-rich precipitates.  Their work 
suggested that recovery occurred during the early stages of the aging process resulting in 
a decrease in dislocation density and in the formation of regular arrays of dislocations, 
consistent with a recovered microstructure. This is consistent with the effects of 
tempering.  The aging sequence follows that in the iron-copper system, namely initial 
formation of coherent copper-rich clusters which transform to incoherent FCC ε-copper 
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with further aging.  However there are significant differences in the behavior in the 
ferritic Fe-Cu system and the martensitic 17-4 PH alloy.  In the Fe-Cu system there is a 
clear fall in uniform elongation during the early stages of precipitation (formation of BCC 
clusters) and this continues up to the start of the FCC precipitation. In the martensitic   
17-4 PH alloy, which has a high dislocation density, there is no decrease in the uniform 
elongation. In the Fe-Cu system the work hardening rates fall up to the peak in yield 
strength, resulting in a rapid decrease in uniform elongation. In the 17-4 PH alloy the 
uniform elongation is essentially constant, notwithstanding the increase in yield strength. 
Although not shown in Figure 14, the work hardening rate must rise at strains where 
necking occurs, to keep the elongation from falling. 
Since the work hardening rate influences the formability, ductility and toughness 
of precipitation hardening systems, several authors have used Kocks-Mecking plots to 
link the change in microstructure and effect (bypassing or cutting) of the precipitates to 
work hardening [51-55].  In these plots the work hardening rate θ (dσ/dε) is plotted as a 
function of the reduced flow stress, σ-σy (Flow Stress – Yield Stress).  The work 
hardening rate can be characterized by the initial rate (the intercept) and the slope of the 
work hardening curve, a measure of dynamic recovery.  Figure 15 shows the evolution of 
work hardening in a Fe-0.8 w/o Cu alloy.   
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Figure 15: Tensile test results for undeformed wrought alloys for different aging times: 
work hardening rate versus reduced flow stress [51]. 
 
 
 
The as quenched alloy has the highest initial work hardening rate (2500 MPa) and 
the slope of work hardening rate versus reduced flow stress is relatively low.  After aging 
for 2 h, the initial work hardening rate drops to 2000 MPa with no significant change in 
the slope.  At longer aging times (7 h and 40 h) the initial work hardening rate returns to 
its initial level (2500 MPa) but the slope is now significantly increased.  At 1000 h, the 
initial work hardening rate is significantly reduced and the slope reaches its highest level. 
When the initial work hardening rate and the slope of the work hardening rate are plotted 
along with the tensile ductility versus aging time, the deformation behavior can be related 
to the precipitation sequence (Figure 16).  This figure exhibits three separate stages 
corresponding to the state of the precipitates.  The initial work hardening rate decreases 
then increases to a maximum corresponding to the peak in yield stress.   
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(a) 
 
 
(b) 
 
 
(c) 
 
 
Figure 16: Evolution of mechanical property parameters as function of aging time: (a) 
initial work hardening rate, (b) slope of the work hardening rate versus stress and (c) 
ductility in tension [51]. 
 
 
 
Since the authors have shown that the precipitates are all shearable for the times 
studied they argue that there is a transformation induced by stress or strain that results in 
transformation of the BCC precipitate to the 9R state.  
In this case the precipitates would become stronger and contribute to the increase 
in the work hardening rate.  As the precipitates progress to the equilibrium FCC structure, 
no extra hardening is present and the work hardening rate decreases.   
The two unusual phenomena highlighted by the Kocks-Mecking plots have 
consequences in relation to the evolution of ductility: (a) the peak strength is associated 
with a high work hardening rate, and (b) the lowest work hardening rate occurs in the 
overaged condition.  The uniform elongation can be described by the Considere criterion: 
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dσ/dε = σ          (3) 
 
Normally when the flow stress is increased, necking occurs at a lower strain resulting in a 
decrease in the uniform elongation with increased strength.  However, the high work 
hardening rate is associated with the peak strength and the two factors offset each other 
so that high elongations can be achieved at high strengths.  Conversely, when the material 
is overaged the work hardening rate is low and, even though the flow stress is lower, 
there is no significant change in ductility. This discussion highlights the benefits of the 
Kocks-Mecking plots in understanding deformation in precipitation hardening systems. 
 
2.9 Deformation of Precipitation Hardened DP Alloys 
 
 Combining a DP microstructure of ferrite and martensite with PH has been 
achieved in wrought high strength low alloy (HSLA) steels [34,56-60]. These steels are 
comprised of ferrite and martensite/bainite combined with the precipitation of carbides, 
for example VC and NbC, and in some cases carbonitrides.  By balancing the chemical 
composition via thermomechanical processing, ultrahigh strength steels can be produced 
with a low overall alloy content.  Copper has been utilized in HSLA and transformation 
induced plasticity (TRIP) steels which, when combined with a heat treatment, lead to the 
precipitation of ε−copper which strengthens the steel.  If the copper content is too high, 
copper cannot be dissolved in the austenite and grain boundary segregation occurs, 
leading to low ductility.  This phenomenon, termed “hot-shortness,” is sometime 
countered by the introduction of nickel, which is known to improve toughness. 
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 Most of the research has centered on ASTM A710 steel, a low alloy-low carbon 
copper-bearing grade (Table 3).   
 
 
 
Table 3:  Composition of ASTM A710 (w/o).  
Grade C Si Cr Ni Cu Mn Ti Nb
ASTM A710 0.070 0.40 0.11 0.91 1.33 0.69 0.024 0.034
  
 
To study the precipitation reaction in the various phases in this grade Ghasemi et al. [58] 
heat treated samples under different conditions and then cooled to room temperature at 
various cooling rates.  This allowed the aging of copper to be studied in microstructures 
consisting of ferrite, bainite/ferrite and martensite.  The effect of aging time on hardness 
of the three microstructures is shown in Figure 17. 
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     (a)           (b)    
      (c)           (d) 
Figure 17: Effect of aging time on hardness: (a) as rolled alloy showing banded 
ferrite/pearlite structure, (b) bainitic/ferritic structure, (c) martensitic structure (quenched) 
and (d) three microstructures (a-c) at 500 oC  [58].   
 
 
In each of the microstructures, as the aging time increased, hardness increased 
until peak hardness was obtained. The age hardening response of the bainitic-ferritic 
microstructure was significantly higher than that of the ferritic microstructure, in part as a 
result of the higher density of dislocations due to the displacive mechanism 
accompanying formation of the bainite-ferrite.  The age hardening curves of the 
martensitic structure show an initial drop in hardness related to tempering, however at 
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longer aging times the secondary hardening effect of copper precipitation dominates. 
Here it is evident that tempering and age hardening are occurring competitively and the 
tempering is, in part, neutralizing the effect of age hardening.  Figure 17d shows the age 
hardening response of the steels with the three microstructures at 500 oC. The martensitic 
steel shows a higher level of hardness than the ferritic and bainitic/ferritic steels.  This 
high hardness is due to the high density of dislocations generated during the 
transformation of austenite to martensite. It was also found that the existence of a high 
dislocation density provided increased nucleation sites for copper precipitation which 
accelerated the aging process and also lead to increased hardness due to finer and more 
homogeneously distributed precipitates. 
 The work hardening rate of alloys containing more than one phase has been 
studied by utilizing the Crussard-Jaoul analysis [57,61-65] in which mathematical 
expressions are invoked to describe stress strain curves.  The Holloman equation, which 
is most widely used, has the limitation of describing only one deformation mode.  In DP 
steels it has been shown that more than one deformation mode is operative and the 
Crussard-Jaoul analysis is applicable. Ghosh et al. [57] extended this analysis to a low-
alloy DPPH steel. They represented the relationship between true stress and strain in low 
alloy DPPH alloys by the Hollomon equation: 
 
 σ = Kεn         (4) 
 
where n is the work hardening exponent and K is the strength coefficient.  Figure 18(a) 
shows the Hollomon plots of ln (σ) versus ln (ε) for DP steels with and without copper.  
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The key feature is that the plots for the copper-containing DP steels are non-linear, 
indicating that the work hardening behavior is not governed by a single deformation 
mechanism.  Hollomon plots of the aged steels reveal two different slopes with a clearly 
delineated transition in strain values (Figure 18b). 
 
 
 
 
Figure 18: Hollomon’s plots of (a) Direct Air Cooled (DAC) steels and (b) DAC and 
aged [57]. 
 
 
 
In the Crussard-Jaoul analysis, a modified version of the Hollomon equation is 
used which incorporates a constant term on the right hand side, making it consistent with 
the fact that the true stress has a finite value, σo at true plastic strain: 
 
σ = σo + Kεn          (5)  
   
 
In the Crussard-Jaoul analysis this equation is written as: 
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 ln (dσ/dε) = ln (Kn) + (n-1) ln ε       (6) 
 
A plot of ln (dσ/dε) versus ln ε delineates the different stages of work hardening during 
the deformation of multi-phase steels.  Figure 19 illustrates the J-C analysis for a copper 
bearing DP steel in the direct air cooled (DAC) and age-hardened conditions.  Clearly the 
aged steel exhibits three-stages of work hardening.  In stages I and III the value of n is 
less than in stage II.  For stage I, n values of the aged samples are more negative than in 
the DAC samples.  The two stages of work hardening for the DAC steel are due to the 
initial deformation of ferrite, followed by the simultaneous deformation of ferrite and 
martensite.  The negative value of the strain hardening coefficient is attributed to the 
internal stress and microstructural variations.  The age hardened steels exhibited three 
stages of work hardening.  In stage I, the copper precipitates may have prevented the 
movement of dislocations, leading to an increase in flow stress without a reduction in 
work hardening.  In stage II, the deformation of ferrite was hindered by phase boundaries 
and precipitates, resulting in an increase in the flow stress and only a slight decrease in 
the work hardening rate.  The third stage involved recovery or cross slip in the ferrite and 
plastic deformation of the martensite.  A comparison of stage I and stage III led to the 
conclusion that the precipitation of copper induced different levels of constraint under 
different levels of strain. It was also argued that the precipitation of copper hardened the 
ferrite and reduced the plastic incompatibility between the phases and hence the 
occurrence of local stress concentrations.  This type of work hardening generally results 
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in larger uniform elongation and allows multiphase structures to exhibit higher strength to 
ductility ratios than do conventional steels.   
 
 
 
Figure 19: Differential J-C analysis of true stress–true strain curves for 1.5 w/o Cu-Ti-B 
in (a) DAC and (b) age-hardened conditions. Arrow indicates change in slope and 
numerals represent magnitude of slope, (n - 1) [57]. 
 
 
2.10 Bauschinger Effect in DP Steels 
The Bauschinger effect is generally considered as the lowering of the yield stress 
when deformation in one direction is followed by deformation in the opposite direction.  
For example, if a metal is deformed in tension, then the direction of loading is reversed so 
that it is in compression, the stress level required to cause deformation in compression is 
lower than that which is required to cause further deformation under tensile loading.  The 
Bauschinger effect is thought to occur by both short range and long range effects [66-68]. 
Short range effects exist when the resistance to dislocation motion is less in the reverse 
direction than in the forward direction.  During deformation dislocations accumulate at 
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barriers in tangles, eventually forming cells that are arranged in low energy 
configurations. When the load is removed these dislocations do not move because the 
structure is mechanically stable.  When the load is reversed, some dislocations move at a 
low stress because the barriers to dislocation motion are fewer in the reverse direction.  
The net result is a lower stress level when the loading direction is reversed. 
Long range effects can exist when internal stresses assist in dislocation motion.  
The primary sources of long range stresses are thought to be dislocation pile-ups at grain 
boundaries, second phase particles and their relationship to the matrix and the plastic 
incompatibility between phases in the microstructure. In alloys with shearable 
precipitates it has been seen that the Bauschinger effect is small in magnitude when 
compared with nonshearable precipitates, where the dislocations must bow around the 
precipitates, thereby generating loops [69-70]. 
The long range internal stresses in two-phase alloys have been shown to be the 
cause of a significant Bauschinger effect.  It has been shown that long range internal 
stresses are produced by the misfit strain between the two phases and are much higher 
compared with the long-range internal stresses produced over distances the order of the  
grain size in single phase materials [71-74].  
  A Bauschinger effect can be established in an as produced DP steel by the 
martensite transformation during cooling.  Residual internal stresses develop around the 
second phase due to plastic incompatibilities between the soft ferrite and the hard  
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Figure 20: Residual stress generation in a DP microstructure. 
 
 
 
martensite [75].  Figure 20 shows a schematic of how residual stresses form in the phases  
of a dual phase steel.  Initially at high temperatures austenite and ferrite exist (A).  As the 
steel is cooled and the high temperature austenite transforms to martensite, the volume it 
occupies expands.  This expansion pulls the ferrite along with it and the ferrite develops a 
residual tensile stress (B).  In turn the ferrite restricts the expansion of the martensite and 
causes a residual compressive stress in this phase (C).  At this point the martensite is in 
compression and the ferrite is in tension. If the material is heated, the dislocations recover 
and the residual stresses are relieved.  
The magnitude of the Bauschinger effect has been studied as a function of pre-
straining in metal forming.  However several authors have investigated the role of the 
residual stress produced from a second phase on the Bauschinger effect [76-79].  In these 
studies, the long range internal stresses were shown to be influenced by the v/o of the 
martensite, the martensite particle size and the relative yield strengths of the ferrite and 
martensite.  Figure 21 shows the Bauschinger stress as a function of the amount of ferrite 
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(which is the harder phase) in an austenitic matrix.  It can be seen that the Bauschinger 
stress in the two-phase alloys is larger than in the pure ferrite (v/o =100) and the pure 
austenite (v/o = 0) and maximum values occur in the vicinity of 50-60 volume percent 
ferrite.  As detailed by Saleh and Margolin [72] the Bauschinger stress is related to the 
interfacial area per unit volume. The interfacial area reaches a maximum near 50 v/o, so 
the highest Bauschinger stress is expected near this level. 
 
 
Figure 21: Effects of volume fraction of hard phase (ferrite) on the Bauschinger stress in 
ferrite/austenite steel [77]. 
 
 
 
The relative yield strengths of the two phases can influence the Bauschinger stress 
and is typically described by the yield strength ratio C* (C* = yield strength of hard 
phase/ yield strength of soft phase).  In Figure 21 the yield strength ratio (C*) for the aged 
alloy was 7.1 versus C* = 3.2 for the quenched specimen.  The Bauschinger stress 
increases with increasing C* and would saturate at a level at which the harder phase was 
only deforming elastically. 
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To determine the role of second phase particle size Zhonghua and Haicheng [68] 
employed a finite element model to show the effect of martensite particle size (in a ferrite 
matrix) on the residual stress level.  Figure 22 shows that finer martensite particle sizes 
will lead to a higher residual stress level in the ferrite for a given v/o of martensite. These 
results are consistent with those of authors who have examined other alloy systems [72, 
80]. 
 
 
 
 
Figure 22: Calculated average residual stress in ferrite as a function of martensite mean 
diameter for 25 v/o martensite in a ferrite matrix [68]. 
 
 
 
The Bauschinger effect can also exist due to porosity with a higher level of 
porosity leading to a stronger Bauschinger effect [81-82].  Pores act as a source of local 
stress concentration and when the external load is released they result in residual stresses.  
The pore shape, pore spacing and orientation can also play a role as it has been shown 
that cracks tend to initiate at pore clusters since the localized stresses are higher in these 
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regions compared with isolated pores.  It has also been observed that when a sintered 
material is deformed under compression the pore volume is reduced whereas in tension 
the pores become elongated leading to a lower yield strength in tension than in 
compression [83]. 
 
2.11 Objective 
  
 Of fundamental importance to the PM industry is the development of a dual-phase 
precipitation-hardening (DPPH) stainless alloy. The combination of the two 
strengthening mechanisms could lead to an alloy with higher strength than is currently 
available. Since the alloy does not currently exist, the initial phase of this study was to 
develop experimentally an alloy that combined a DP microstructure with PH. This also 
required a better understanding of the microstructural evolution from solidification during 
atomization through thermal processing involving sintering and heat-treatment.   
 Since the microstructure of atomized powders is finer than that in cast alloys, a 
physical model was used to describe the diffusion of various alloying elements.  The re-
distribution of elements such as carbon, copper, and nitrogen during the sintering process 
is essential in developing the DP microstructure. This can be predicted from the diffusion 
model presented.   
 In order to predict the deformation behavior of the alloy, experimental studies 
were conducted to quantify the effects of the thermal processing route and alloy 
constituents on mechanical properties. The primary aim of the present study was to 
investigate a unique phenomenon of the alloy system in which, during aging, the ductility 
of the alloy increased along with strength and hardness. Since this is counter-intuitive, 
various experimental techniques were used to quantify this effect. 
 47
 In addition, novel experimental investigations were carried out in order to fully 
characterize the work hardening behavior of the individual components of the DP PH 
stainless steel.  From these investigations the strain partitioning and residual stresses, 
which relate to the ductility increase, can be described and the behavior of the alloy 
system can be predicted. 
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CHAPTER 3: EXPERIMENTAL METHODS 
 
  
 
3.1 Powder Production 
The powders used in this study were produced by water atomization with a typical 
particle size distribution 100 w/o <150 µm (–100 mesh) and 38 to 48 w/o <45 µm  (-325 
mesh).  All the alloying elements were prealloyed into the melt prior to atomization, 
unless otherwise noted. The powders were of the same base composition with only the 
copper content intentionally varied.  Table 5 lists the chemistry of the individual heats 
along with a letter designation indicating a change in copper content. 
The powders were mixed with 0.75 w/o Acrawax C lubricant. Samples for 
transverse rupture (TR), Charpy impact and tensile testing were compacted uniaxially at 
various pressures ranging from 350 to 690 MPa.  Compacting conditions and test 
specimen dimensions were in accordance with MPIF Standards 10, 40 and 41 [8].  The 
weight and dimensions of both the unsintered (green) and sintered bars were recorded.  
For each powder composition, a minimum of five test specimens were produced.  
All the test pieces were sintered in a high temperature Abbott continuous-belt furnace at 
temperatures ranging from 1120 to 1260 °C for 45 min in a hydrogen atmosphere with a 
dew point of –40 oC, unless otherwise noted.  The cooling rate was approximately 15 
oC/min. 
Aging of the specimens was carried out in a pusher type furnace in a nitrogen 
atmosphere.  Specimens were aged at temperatures ranging from 315 to 760 °C and then 
air cooled to room temperature. 
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3.2 Chemical Analysis 
 
Bulk chemical analysis was performed on metal samples produced from the 
atomized powder and surface ground for measurement on an X-ray spectrometer.  
Carbon, nitrogen, oxygen and sulfur levels were determined using Leco combustion 
analysis of either drillings or thin wafers.   
 To examine the partitioning of the chemical elements between the microstructural 
constituents (ferrite and martensite), energy dispersive X-ray (EDX) analysis was 
utilized.  The equipment was a JEOL 6460LV SEM fitted with a ThermoFisher Scientific 
energy dispersive spectrometer (EDS).  The EDS detector was a Super Dry II and the 
data processing software was a Noran System Six. Atomic number, absorption and 
fluorescence corrections were employed. The accelerating voltage was 15 kV and the 
acquisition time was 100 s with the dead times kept below 20%.  
3.3 Mechanical Properties 
 
 The apparent hardness of the test specimens was measured according to MPIF 
Standard 43.  Multiple measurements were made on each test specimen (Charpy, tensile 
and TR bars) and the appropriate Rockwell hardness scale was used, depending on the 
apparent hardness of the PM alloy. 
 Microindentation hardness testing was performed using a Vickers hardness tester 
using a 10 g load. The purpose of this test was to determine the hardness of the ferrite and 
martensite phases. Etched specimens were used for microindentation hardness testing, per 
MPIF Standard 51. When the width of the measured region was smaller than the diagonal 
of the 10 g indentor, a load of 100 g was employed. 
 50
 Flat specimens with dimensions specified by MPIF Standard 10 were used in the 
tensile tests.  For cast materials, machined round tensile test bars (dimensions according 
to MPIF Standard 10) were machined from the cast bars.  The gage length of the bars was 
25.4 mm (1 in) and the strain rate was 2.5 mm/min (0.1 in/min) to failure.  For each test 
the stress-strain data were recorded digitally with data acquisition software.  
 Impact energy (toughness) was used to determine the ability of the various 
microstructures to absorb energy during fracture. The dimensions of the unnotched 
Charpy-type impact samples met MPIF Standard 40. Impact tests were done at room 
temperature unless otherwise noted. 
 The determination of the TRS of the alloys was performed according to MPIF 
Standard 41.  The weight, dimensions and apparent hardness of the sintered bars were 
recorded prior to testing.  The difference in length of the sintered TR bars and the length 
of the TR die were recorded as the dimensional change of the specimen from die size 
(MPIF Standard 44). TR bars were tested under three point bend conditions. 
 Increasing the mechanical properties of PM components is dependent primarily 
on increasing the sintered density. In general, the higher the green density, the larger the 
area of interparticle contact, leading to a higher density after sintering.  The 
determination of the density was accomplished according to MPIF Standard 42.  
 
3.4 Metallography and Imaging 
Metallographic sample preparation followed recommendations described in 
ASTM Standard Guide for Preparation of Metallographic Specimens, E 3.  Cross-
sections were removed from bulk samples using an abrasive cut-off saw, usually in the 
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direction parallel to the fracture surface.  The as-cut surface was then compression 
mounted using Buehler Epomet F mounting compound.  Coarse grinding was performed 
with 120 grit SiC abrasive paper to create a surface free of the evidence of cutting and to 
establish a plane for further preparation.  The mounted and ground samples were then 
polished in several steps using a progressively decreasing size of diamond particles, from 
15 µm to 1 µm.  All samples were washed with soap and warm water, ultrasonically 
cleaned, and rinsed with alcohol between each step to remove cut metal and polishing 
debris from the sample edges and open pores and to prevent contamination of the 
following polishing cloths with the coarser polish from the preceding polishing step. 
The polished and cleaned samples were placed in a vacuum chamber for a 
minimum of 1 h to remove any moisture from the interconnected pore network and to 
prevent subsequent staining along the pore edges.  Samples were routinely examined in 
both the as-polished and etched conditions.  When etching was required, the sample was 
immersed in glyceregia, rinsed in running warm water and alcohol, then dried using 
filtered compressed gas.  Glyceregia is a solution of nitric (HNO3) and hydrochloric 
(HCl) acids in glycerol.  The activity of the etchant can be altered by varying the 
proportions of the two acids with the amount of glycerol. Digital photographs were taken 
using a Leica DMR digital camera. 
 Metallographically prepared and etched (glyceregia) samples were used for the 
determination of chemical composition within the two phases (ferrite and martensite). 
Both transformation products were analyzed for copper, chromium, iron, molybdenum, 
nickel and silicon.  An accelerating voltage of 20 keV was used with the sample placed at 
a working distance of 10 mm from the pole piece.  This was the optimal sample 
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placement for EDS detector efficiency.  The take-off angle of the detector was 35° and 
the microscope was adjusted to give ~ 40% dead time analysis.  Each spectrum was run 
for a total of 100 s live time at a magnification of 3kx with the individual grains sampled 
using a square reduced raster approximately 5 µm x 5 µm in size. 
In analyzing the EDS spectra, all calculations were standardless and semi-
quantitative.  The software was set to an overvoltage of 1.5 with matrix correction and a 
Proza (Phi-Rho-Z) analysis package.  Except for the molybdenum calculations where the 
L-lines were used to determine weight percent content, all other measurements were 
performed using the K-lines.  A total of 10 randomly chosen areas were analyzed for both 
of the transformation products in each sample. 
 The volume fractions of the various phases (austenite, ferrite and martensite) were 
determined by manual point counting.  This procedure followed the principles and 
practices set forth in ASTM E 562.  The objective of the testing in this program was to 
estimate the volume fraction of the transformation products in the dual phase stainless 
steel.  Consequently, the polished and etched (glyceregia) metallographic specimens were 
used. 
The etched metallographic specimens were placed on a light optical microscope 
(LOM) stage and the image from the microscope projected onto a computer monitor.  An 
x/y grid consisting of equally spaced lines and intersecting points was generated digitally 
and superimposed onto the image.  The individual intersecting points in the grid were 
used as the sample probes for the analysis.  The microscope magnification and point 
density in the grid were determined by the size of the features to be counted.  As the 
features decreased in size, the magnification was increased along with the number of 
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points in the grid.  Either a 20x or 50x objective lens was used with a 48 or 88-point grid.  
All testing was performed using brightfield illumination. 
Once the optimal conditions were established, a minimum of 20 randomly chosen 
fields were used for counting with the amount of porosity estimated in addition to the 
ferrite and martensite.  Counts were made by incrementing a manual counter once each 
time a point fell on a pore, ferrite grain, or martensitic area.  At the conclusion of 
counting the total number of counts and the percentage of the total for each constituent 
were determined.  Calculations were made in two ways, first by including the porosity as 
part of the overall compact volume, and the second time with the porosity removed and 
the percentages of the metallic portion of the microstructure determined. 
 
3.5 Dilatometry 
 
 Dilatometric measurements were made using a Harrop Industries Inc. dilatometer 
capable of operating at temperatures up to 1260 oC.  The heating and cooling of the 
specimen was performed in a sealed tube that surrounded the specimen holder.  The 
temperature of the specimen was measured by a thermocouple in close proximity to the 
sample.  Samples were heated at a rate of 10 oC s-1 up to 1260 oC and held for 20 min, 
then cooled at a rate of 5 oC s-1.  Tests were carried out in 90 v/o helium – 10 v/o 
hydrogen at a flow rate of 1.4 L/min (3 cfh) to prevent oxidation.  The phase 
transformations were determined from a plot of temperature versus dilation measured by 
a linear variable differential transformer (LVDT) which was connected to the specimen. 
 Rectangular specimens (10 mm x 11.4 mm x 50.8 mm) were prepared in both the 
green and sintered conditions.  The green specimens were necessary to determine the 
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ferrite-to-austenite transformation temperature since utilizing sintered specimens would 
have altered the initial microstructure. 
3.6  Electrical Resistivity 
Electrical resistivity is highly structure sensitive.  Changes in the microstructure 
due to solute atoms and precipitation during aging can be monitored by means of 
electrical resistivity measurements.  This technique works on the principle that a change 
in electrical resistivity occurs during a phase transformation or change in crystal 
structure.  There is an increase in the electrical resistance of a metal due to the small 
concentration of alloying elements in solid solution.  In the present case, the precipitation 
of copper from the iron matrix (where it is in solid solution) should lead to a decrease in 
electrical resistivity.   Measurements of electrical resitivity were made by connecting a 
specimen in series with a Keithley Model 580 microohm-meter. Resistivity 
measurements were carried out on the gauge length of tensile specimens prior to tensile 
testing and on the maximum length of the TR bars prior to the three-point bend test. 
Measurements on each sample were repeated three times to ensure consistency of the 
results.  There were also five samples per test condition.  All measurements were made at 
room temperature. 
3.7  Compressive Yield Strength 
Compression test pieces were machined according to MPIF Standard 61 which 
details the method for determining the compressive yield strength of PM materials.   
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CHAPTER 4: EXPERIMENTAL RESULTS 
 
4.1 Material Development 
  
Previous work by Schade et al. [3] focused on developing a DP microstructure in 
a nominal 12 w/o Cr-containing stainless steel.  This was accomplished by balancing the 
ferrite stabilizers (chromium, molybdenum, and silicon) and austenite stabilizers (carbon, 
copper, nickel and nitrogen) such that the microstructure consisted of ferrite and 
martensite.  Several alloys were examined with various Km factors and the alloy 
designated as DP2 (Table 4) was determined to have the optimal combination of 
properties. 
 
 
 
Table 4:  Composition of DP and Ferritc PM stainless steels (w/o) [3].  
 
Alloy C S O N P Si Cr Ni Cu Mn Mo Km
DP1 0.004 0.003 0.04 0.0483 0.014 0.60 11.7 1.52 0.27 0.11 0.22 6.1
DP2 0.004 0.014 0.10 0.0319 0.014 0.85 11.8 1.03 0.29 0.13 0.22 10.2
DP3 0.005 0.015 0.20 0.0445 0.014 0.84 11.6 1.03 0.03 0.10 0.34 11.3
DP4 0.003 0.013 0.24 0.0133 0.013 0.80 12.0 0.52 0.48 0.10 0.52 13.3
DP5 0.013 0.006 0.16 0.0139 0.012 0.81 12.0 0.58 0.01 0.11 0.32 14.2
410L 0.011 0.010 0.14 0.0246 0.014 0.85 12.5 0.03 0.02 0.11 0.03 15.6
430L 0.011 0.010 0.26 0.0270 0.014 0.85 16.5 0.03 0.02 0.11 0.03 19.5
 
 
 
The copper in the DP2 alloy was intended only to stabilize the austenite and was 
at  levels that was too low for any significant precipitation.  Therefore a new set of alloys 
was made with the same basic chemistry as DP2, but the copper was varied from 0 to 
nominally 4 w/o in order to allow enough copper for significant PH. Since copper is an 
austenite stabilizer, it promotes the formation of austenite (martensite upon cooling) in 
the sintered microstructure. 
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Table 5:  Composition of Experimental DPPH Alloys (w/o) 
Alloy C P Si Cr Ni Cu Mn Mo
Alloy A 0.011 0.007 0.65 11.81 1.05 0.04 0.10 0.35
Alloy B 0.015 0.005 0.82 11.71 1.22 0.35 0.12 0.31
Alloy C 0.013 0.012 0.83 12.11 1.06 0.99 0.07 0.38
Alloy D 0.014 0.007 0.83 12.65 0.97 2.13 0.05 0.33
Alloy E 0.017 0.010 0.78 12.13 1.05 2.55 0.06 0.35
Alloy F 0.016 0.008 0.73 12.77 1.08 3.06 0.15 0.35
Alloy G 0.015 0.011 0.92 11.82 1.06 3.48 0.08 0.36
Alloy H 0.016 0.012 0.80 12.17 1.07 3.95 0.06 0.34
 
 
 
 
Figure 23 shows a vertical section of the Fe-Cr-C phase diagram.  The diagram 
shows that a two-phase region (austenite and ferrite) exists at temperatures normally used 
for sintering this alloy (1120 oC to 1260 oC). The proportion of ferrite to martensite 
present at room temperature depends on the cooling rate and the initial chemical 
composition. The austenite transforms to martensite upon cooling and a DP structure of 
martensite and ferrite exists at room temperatures.  The addition of austenite formers,  
 
 
 
Figure 23: Pseudo-phase diagram of DPPH alloy as a function of chromium level. 
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such as carbon, copper, managanese, nickel and nitrogen expands the γ loop, raise the 
ferrite (δ) to austenite (γ) transformation temperature and extends the dual phase region 
(γ +δ) to higher levels of chromium. 
In normal cast structures, the cooling rate is slow, and a two phase structure is 
developed during solidification.  For wrought parts this microstructure can then be 
optimized by controlling subsequent process temperatures, for example during rolling or 
coiling, or by intercritically annealing in the (α + γ) range.  The microstructure developed 
from the atomized powder to a final sintered PM part differs slightly because it is 
produced using faster cooling rates.   
The microstructure of the atomized DPPH powders as a function of copper 
content is shown in Figure 24.  Due to the high cooling rates produced via the water 
atomization process all the powders were completely ferritic prior to sintering. The 
microstructure is difficult to etch and, in general, only the grain boundaries etch darkly 
and the interior of the grains appears to be cellular.  Since the microstructure is fully 
ferritic the austenite must nucleate from the ferrite.  The preferred nucleation sites for 
austenite are areas with a low Cr/Ni ratio such as grain boundaries and cell walls. The 
growth of austenite occurs during the sintering cycle which utilizes temperatures from 
1120 to 1260 oC.  These temperatures are in the DP region (γ +δ), based on Figure 23. 
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    (a)       (b) 
 (c) 
Figure 24: Optical microstructures of atomized DPPH powders (etch Glycergia): (a) 2.1 
w/o Cu, (b) 2.55 w/o Cu and (c) 3.5 w/o Cu. 
 
The microstructure after sintering cannot be accurately determined by the 
equilibrium phase diagram because the sintering times used may lead to non-equilibrium 
conditions.  In order to determine the microstructural changes during sintering a study 
was performed in which the 2 w/o Cu DPPH (Alloy D) specimens were sintered at 1260 
oC in hydrogen for various times and then quenched in water.  The specimens were 
prepared metallographically and quantitative measurements of the amount of each phase 
present for the various sintering times were made; results are shown in Table 6. 
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Table 6:  Volume fraction of phases in 2 w/o Cu DPPH alloy quenched from sintering 
temperature (1260 0C) as a function of sintering time. 
 
 
  
The results indicate that upon heating, partitioning of the alloy elements occur so 
that the original ferritic microstructure transforms to a mixture of ferrite and high 
temperature austenite which, upon cooling, transforms to martensite.  The short period of 
time for a significant amount of austenite to form (33.7% in 10 min) is a consequence of 
the fine-grained structure of the as atomized particles.  Figure 24 shows an approximate 
grain diameter of 10 µm in the atomized powder.  Solid state diffusion calculations 
(Appendix I) show that at temperatures typically used for sintering (1120 to 1260 oC), 
substantial diffusion of chromium, copper, molybdenum, nickel and silicon can take 
place and therefore the level of austenite that forms in such a short period of time is 
supported by the calculations in Appendix I. 
 The α/γ phase balance, partitioning of alloying elements, and morphology of 
phases are shown to be major parameters controlling the physical properties of DP steels. 
Since partitioning of the alloying elements between the ferrite and austenite phases has a 
critical influence on solid-solution-strengthening, the deformation behavior and corrosion 
Sintering Time Ferrite Matrtensite 
(min)
 
(v/o) (v/o) 
0 100 0 
10 66.3 33.7 
15 60.8 39.2 
20 48.3 51.7 
25 50.5 49.5 
40 57.9 42.1 
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resistance of each phase [41] was studied in detail. The partitioning of alloying elements 
determines the overall level of ferrite and martensite phases in the alloy. Of the alloying 
elements, carbon, manganese, nickel, and nitrogen are austenite stabilizers and 
chromium, molybdenum, and silicon are ferrite stabilizers. 
In order to confirm the partitioning of various elements, samples were examined 
using EDX.  The chemistry of the phases present in the dual phase microstructure was 
measured and confirmed that the ferrite stabilizers (chromium, molybdenum and silicon) 
partition to the ferrite, while the austenite stabilizers (copper and nickel) partition to the 
martensite. Table 7 shows the chemistry of the ferrite and martensite of several of the 
DPPH alloys.  
 
 
 
Table 7: Chemistry of 1, 2 and 3 w/o Cu DPPH alloys measured by x-ray spectrometry 
and chemistry of the martensite and ferrite measured by EDX. 
 
 
 
 
Alloy/ Si Cr Ni Cu Mo
Technique (w/o) (w/o) (w/o) (w/o) (w/o)
1 w/o Cu (X-ray) 0.83 12.11 1.06 0.99 0.38
SEM AVG. 0.74 12.53 1.11 1.07 0.30
SEM Ferrite 0.87 14.17 0.75 0.85 0.45
SEM Martensite 0.70 11.98 1.24 1.15 0.25
2 w/o Cu (X-ray) 0.83 12.65 0.97 2.13 0.33
SEM AVG. 0.68 13.18 0.98 1.93 0.23
SEM Ferrite 0.71 15.20 0.56 1.42 0.39
SEM Martensite 0.66 12.39 1.15 2.13 0.16
2.6 w/o Cu (X-ray) 0.78 12.13 1.05 2.55 0.35
SEM AVG. 0.80 13.60 0.96 2.31 0.29
SEM Ferrite 0.93 15.73 0.58 1.63 0.55
SEM Martensite 0.75 12.67 1.12 2.61 0.17
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The table includes chemical analysis on the bulk sample measured by X-ray 
spectrometry, EDX measurements of the ferrite and the martensite contained within the 
alloy, and a calculated total chemistry based on the chemistry measured by EDX of the 
individual phases and the fraction of those phases determined by metallographic methods.  
The calculated total chemistry of the alloys agrees well with the analysis of the bulk 
sample determined by X-ray spectrometry.  The amount of ferrite in all three specimens 
was > 30 v/o so that a significant level of partitioning should occur. Among the alloying 
elements, strong partitioning was found to occur with chromium, copper and nickel; 
additionally it was found that significant levels of copper existed in both the ferrite and 
martensite. Because the tensile strength and ductility of the DPPH alloys are dependent 
on the strength of the martensite phase and the level of precipitation in the two phases, 
the partitioning of the copper is of significant importance. The distribution of the alloying 
elements between the ferrite and austenite also has an influence on solid solution 
strengthening. Levels of carbon and nitrogen could not be measured by the EDX but 
would also be expected to partition such that they tend to segregate to the austenite.    
Table 8 shows the amount of ferrite and martensite in the various alloys as a 
function of sintering temperature.  According to Figure 23, the typical temperatures used 
for sintering PM stainless steels lie within the two phase region of the phase diagram and 
the percentage of martensite and ferrite in a particular alloy are influenced by the alloy 
chemistry (copper level), sintering temperature and time at temperature. This is important 
since the mechanical properties of DPPH steels strongly depend on the phase fractions in 
the steel. To determine the levels of martensite and ferrite, it was necessary to measure 
the phase transformation at the end of the sintering cycle. Since it is difficult to predict 
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the equilibrium structure during sintering, quantitative metallography was used to 
determine the fraction of ferrite and martensite phases at the end of the sintering cycle.  
The general trend is that, as the sintering temperature is increased, the level of ferrite 
increases.  It was also found via quantitative metallography that the phase balance (v/o of 
ferrite and martensite) did not change after aging at 538 oC.  The grain size was also 
unchanged by the aging treatment at temperatures below 593 oC. 
 
 
 
Table 8: Martensite v/o in experimental alloys as a function of sintering temperature and 
copper level (w/o).  
 
 
 
 
The transformation temperatures of the individual phases in the DPPH steels can 
be determined by interpreting the attendant dilatometry curves. In this study, dilatometric 
experiments were carried out as well as optical microscopy to measure the phase fraction 
of the DPPH steel during the sintering cycle. In addition, microindentation hardness 
measurements were made on the metallographic samples. To confirm the transformation 
temperatures, dilatometry was performed on several of the alloys, an example of which is 
w/o Copper
Sintering Temperature 
(oC) 0.04 0.35 0.99 2.00 2.55 3.06 3.48
1121 91.4 100.0 94.3 96.7 96.1 90.9 94.9
1149 --- 100.0 90.6 96.1 92.8 88.8 93.4
1177 --- 96.4 85.1 92.3 91.1 81.9 94.2
1204 --- 87.3 67.2 88.8 89.3 78.1 87.7
1232 --- 73.0 59.2 86.1 86.3 69.5 85.5
1260 57.7 74.3 55.1 71.7 69.8 65.9 75.7
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shown in Figure 25.  Metallographic samples at various locations along the dilatometer 
curve were quenched from the temperatures indicated and quantitative analysis of the 
volume fraction of the phases was performed. 
 
 
 
Figure 25:  Dilatometry results for a 2 w/o Cu DPPH alloy showing levels of ferrite in 
microstructure at various temperatures. 
 
 
 
Initially the microstructure is 100 v/o ferrite.  At a temperature of 793 oC austenite starts 
to form and, at approximately 825 oC, the alloy is primarily austenite. As the specimen is 
heated > 825 oC the ferrite grows from the austenite, as indicated by the variable slope of 
the dilation curve from 825 oC to 1260 oC at which temperature sintering of the specimen 
leads to a sharp volume decrease.  As the specimen is cooled from 1260 oC, the austenite 
volume fraction increases at the expense of the ferrite until a temperature of ~ 680 oC is 
reached, at which this trend reverses and the volume fraction of ferrite increases, reaching 
a final value ~ 25 v/o ferrite at room temperature. It is difficult to locate the exact phase 
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fields (as shown in Figure 23) without extensive mapping of the microstructure and 
attendant compositions. Dilatometry was, however, performed on several copper levels of 
the DPPH alloy to determine the effect that the copper level has on the transformation of 
ferrite to austenite.  Ac3, the temperature at which the ferrite-to-austenite transformation 
is complete, as a function of copper content in the DPPH alloys, is shown in Table 9.  
The decrease in the Ac3 transformation temperature with increasing copper levels expands 
the two-phase region leading to higher levels of austenite at the higher copper levels. 
 
 
 
Table 9: Ac1 and Ac3 Transformation temperatures determined by dilatometry as a 
function of Cu content. 
 
 
 
Example optical micrographs of the 2 w/o Cu DPPH alloy at various sintering 
temperatures are given in Figure 26.  Clearly, at the lower sintering temperatures (1120 
oC – 1177 oC), the microstructure is predominately martensitic and it is difficult to 
resolve any ferrite. At intermediate sintering temperatures isolated islands of ferrite are 
present in the martensitic matrix and finally at high sintering temperatures (1260 oC), a 
network of ferrite exists in the matrix.  Additionally it was shown that: 
 
1. The percentage of ferrite increased with sintering temperature. 
Copper AC1 AC3
Level (w/o) (oC) (oC)
0.04 816 900
1.00 795 865
2.00 793 825
2.50 796 832
3.00 800 835
3.95 795 835
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2. Samples of several of the alloys were mounted polished and quenched in 
liquid nitrogen.  Any retained austenite in the specimens would be manifest as 
raised surfaces on the specimen due to the expansion of austenite to 
martensite.  No retained austenite was found in the specimens. 
3. The amounts of ferrite and martensite did not change during aging at 
temperatures as high as 593 oC. 
4. The grain size did not change during aging at temperatures as high as 593 oC. 
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        (a)        (b) 
 
         (c)          (d) 
 
         (e)         (f) 
 
Figure 26:  Microstructure of 2 w/o Cu DPPH alloy sintered at various sintering 
temperatures (a) 1121 oC (b) 1149 oC (c) 1177 oC (d) 1204 oC (e) 1232 oC and (f) 1260 
oC in 100% v/o hydrogen atmosphere.  Density of samples were 6.6 g/cm3. Optical 
Micrographs. 
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Figure 27: Microstructures of powder particles exhibiting rod-like precipitates in 2 w/o 
Cu DPPH alloy over aged for 48 h at 538 oC (SEM) 
 
 
The purpose of the copper addition was to allow for copper precipitates when the 
material was aged. Since the copper precipitates are normally not detectable with the 
resolution that can be achieved in the SEM, several samples, were over-aged for 24 to 48 
h to produce coarse precipitates which where visible by the SEM.  The rod-like shape of 
these precipitates has been reported previously in the literature and can be seen in Figure 
27.  According to Themistou et al. [32] rod-like precipitates with hemispherical caps 
form in the overaged condition as a consequence of the reduced total interfacial energy 
(long sides of the rods have excellent fit with the matrix). In their work the particles were 
determined to be ε−FCC precipitates. Copper precipitates were found in some grains 
while other grains appeared to contain little or no precipitates.  Chemical analysis (EDX) 
of individual grains determined that the grains containing precipitates were high in nickel 
and copper while those that did not contain precipitates were high in chromium and 
silicon.  This indicates that the rod-like precipitates occur in martensite grains rather than 
in the ferrite grains.  In addition, the precipitates were more prevalent in DPPH alloys 
with high copper contents. 
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4.2 Mechanical Properties 
 
4.2.1 Mechanical Properties of PM Alloys 
 
 Although the mechanical properties of the alloys changed with the microstructure 
and density (achieved by varying the sintering temperature and compaction pressure) 
examining the properties for a given set of processing conditions can highlight 
differences between the alloys.  In Table 10, the DPPH alloys are compared with each 
other on the basis of apparent hardness, tensile and impact properties. 
 
 
 
Table 10: Mechanical properties of DPPH PM stainless steels in the as sintered and aged 
conditions. 
Note: Processing conditions:  Sintered at 1260 oC (100 v/o H2), Aged 538 oC for 1 hr. 
  
Impact Energy Apparent Hardness Elongation
Alloy (ft.lbs.f) (J) (HRA) (103 psi) (MPa) (103 psi) (MPa) (%)
Alloy A Sintered 73 98 52 95 654 69 475 4.3
Alloy A Aged 76 102 53 95 654 70 482 6.6
Alloy B Sintered 49 66 53 95 654 70 482 4.2
Alloy B Aged 54 72 53 96 660 73 502 6.6
Alloy C Sintered 56 75 51 89 612 69 475 4.6
Alloy C Aged 56 75 53 100 688 79 544 7.1
Alloy D Sintered 61 82 52 105 722 81 557 3.2
Alloy D Aged 69 92 57 121 832 100 688 5.1
Alloy E Sintered 36 48 58 117 805 95 654 2.2
Alloy E Aged 40 54 62 142 977 117 805 4.6
Alloy F Sintered 30 40 54 113 777 87 599 2.8
Alloy F Aged 36 48 60 137 943 116 798 3.7
UTS 0.20% Offset Yield
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 Table 10 also shows the most interesting results of this alloy system.  During 
aging, the alloys not only increase in strength and apparent hardness but also increase in 
tensile  ductility and impact energy.  To identify the reason for this anomolous increase in 
both strength and ductility is the key scientific challenge in the thesis.   
This effect can be seen more clearly by examining the engineering stress-strain 
curve shown in Figure 28. In this Figure the stress and strain for Alloy C (1 w/o Cu 
DPPH) are shown in the sintered and aged conditions.  The surprising feature of this 
figure is that the aged specimen achieves a higher strain at the maximum load and also a 
higher total elongation despite the fact that it has a higher strength.  The fracture of the 
aged specimen occurs past the maximum load indicating that strain hardening is occuring 
and that the fracture is ductile.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 28: Stress strain curve of 1 w/o Cu DPPH alloy in sintered and aged conditions   
(1 h,  538oC). 
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Necking generally begins at maximum load during tensile deformation of a 
ductile metal [35]. A material in which no strain hardening occurs would fracture as soon 
as yielding took place.  In a metal with strain hardening, the load capability of the 
specimem increases as the deformation increases.  This effect is opposed by the reduction 
in cross section of the specimen as it elongates.  Necking begins at maximum load, where 
the increase in stress due to the decrease in cross sectional area becomes greater than the 
increase in the load from strain hardening.  This condition of instability leading to 
localized deformation takes place when: 
 
 σ
ε
σ
=
d
d
         (3) 
 
known as the Considere criterion.  The point of necking at the maximum load can be 
obtained from a plot which shows the intersection of the work hardening rate dσ/dε and 
the true stress σ plotted against the true strain, ε .  
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     (a)      (b) 
Figure 29: Considere plots of 2 w/o Cu alloy (a) sintered and (b) aged 1 h, 538 oC. 
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It is evident from Figure 29 that both the sintered and aged alloys fail by necking 
and that the aged condition shows both a higher uniform elongation and total elongation 
than the sintered condition. Figure 30 shows the ductile nature of the fracture in both the 
sintered and aged specimens.  
 
 
  
    (a)        (b) 
  
Figure 30: Macrophoto of ductile nature of fracture (a) sintered and (b) aged 538 oC, 1 h. 
 
 
 
Figure 31 shows results for the 2 w/o Cu alloy (Alloy D) versus those for a common PH 
alloy 17-4 PH  As discussed previously in section 2.8, in 17-4 PH, which has a 
martensitic microstructure, the ductility decreases slightly or stays constant while the 
impact energy does not change significantly during aging.  The composition of the 17-4 
PH alloy is listed in Table 11. The ultimate tensile strength, yield strength and apparent  
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Figure 31:  Mechanical properties of DPPH (2 w/o Cu) versus 17-4 PH for various aging 
temperatures: (a) ultimate tensile strength, (b) yield strength, (c) apparent hardness, (d) 
elongation, and  (e) impact energy. 
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hardness all display the typical behavior expected of a PH alloy, namely an increase in 
mechanical properties as aging temperatures increase. When the alloys are overaged the 
strength and hardness decrease.  However, the 2 w/o Cu DPPH alloy shows both an 
increase in ductility and impact energy with increasing aging temperature. This occurs 
with a corresponding increase in strength and hardness. This is unexpected and in conflict 
with the behavior of the 17-4 PH alloy. 
 
 
 
Table 11: Composition of 17-4 PH PM Stainless Steel (w/o). 
Alloy C S P Si Cr Ni Cu Mn Mo Nb
17-4PH 0.018 0.010 0.025 0.85 17.00 4.00 3.55 0.15 0.03 0.03
 
 
 
 
Several hypothesis were developed to try to explain the congruent increase in 
ductility with strength and hardness.  The first was that the phenomena might be related 
to the porosity in PM steels such that the pores could actually reduce some of the residual 
stresses developed in a DP alloy.  A second theory involved the nature of the precipitates.  
Since precipitation can occur in both the ferrite and the martensite, work hardening could 
be increased due to dislocations bowing around precipitates leading to a higher uniform 
elongation prior to necking.  The last theory involves the relaxation of residual stresses 
due to the transformation of the high temperature austenite to martensite.  The 
investigation of these three postulates constitutes the theoretical aspects of this thesis. 
 
 74
4.2.2 Mechanical Properties of Cast Alloys 
It is well know in PM that the shape of the pores can influence the mechanical 
behaviors of PM materials.  It is generally found that an increase in pore roundness can 
lead to an increase in mechanical properties [81].  Irregularly shaped pores can act as 
stress concentrators leading to a lower tensile strength. By examining the microstructures 
of the 2 w/o Cu DPPH alloy at different sintering temperatures, it was established that the 
pores of the alloy sintered at 1260 oC were rounded while the pores sintered at 1120 oC 
were irregular.  In order to study the influence of porosity on the strength/ductility 
phenomenon, several research heats were designed utilizing cast bars (fully dense) of 
equivalent chemistries to those in Table 5. These cast bars were machined into tensile 
specimens and “sintered” (given the same sintering cycle as the compacted and sintered 
PM alloy).   This treatment is termed a “sintered” anneal when discussing the cast 
samples under the same conditions as the PM alloys (1260 oC).  The materials were then 
tested for tensile properties both in the homogenized (as “sintered”) and aged condition.  
As did the PM alloys, the cast alloys exhibited an increase in ductility on aging with an 
increase in both strength and hardness, as shown in Table 12. 
 
 
 
Table 12: Tensile properties of Cast DPPH alloys in the “sintered annealed” and aged 
condition.  
 
Alloy/Condition
UTS            
[MPa]
YS            
[MPa]
Elongation           
[%]
Apparent 
Hardness            
[HRA]
Apparent 
Hardness            
[HRA]
Cast 1% Copper Sintered 428 324 4.6 52 52
Cast 1% Copper Aged 518 393 12.4 59 59
Cast 2% Copper Sintered 725 628 0.9 62 62
Cast 2% Copper Aged 938 800 9.6 67 67
Cast 2.6% Copper Sintered 932 835 1.1 61 61
Cast 2.6% Copper Aged 1180 1001 5.8 73 73
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The microstructures of the copper bearing alloys are shown in Figure 32.  All four 
alloys exhibited a DP network structure of martensite and ferrite, similar to the 
microstructure of the PM DPPH alloys. 
 
 
    
         
      (a) (b) 
   
        (c)                 (d) 
Figure 32: Optical micrographs of cast alloys in the “sinter anneal” condition: (a) copper-
free DP (b) 1.0 w/o DPPH, (c) 2.0 w/o Cu DPPH and (d) 2.6 w/o Cu DPPH. 
 
 
 
A likely source of the low ductility in the as cast structure is the segregation that occurs 
due to slow cooling.  Micrographs of the cast structure revealed a coarse grains due to the 
fact that the alloys were not homogenized.  This may account for the larger increase in 
ductility on aging versus the PM alloys.  
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4.2.3 Mechanical Properties versus Microstructure 
 
Since the same property relationships hold in the wrought alloys, the primary 
focus of the thesis was to determine the mechanisms for the ductility increase with 
attendant increasing strength and hardness in the PM alloys, with the realization that it 
does not appear to be related to porosity in the PM alloys.  One of the first observations 
was that there had to be a certain level of ferrite in the microstructure for the phenomenon 
to exist. Figure 33 highlights this in which the change in yield strength and the change in 
elongation are plotted as a function of the martensite level in the 2 w/o Cu DPPH alloy.   
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Figure 33: Change in yield strength and elongation for the 2 w/o Cu alloy as a function of 
v/o martensite.  Change is the difference between the sintered and aged condition at 538 
oC for 1h. 
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The change in yield strength is calculated as the difference in yield strength between the 
sintered and aged (538 oC for 1 h) conditions.  Likewise, the elongation is the difference 
in elongation in the aged condition versus the sintered condition.  Although yield strength 
increases between the sintered and aged conditions are less for lower martensite v/o, this 
rise in strength is accompanied by an increase in ductility.  This trend continues until the 
martensite levels reach 85 to 90 v/o.  
Most of the research on DP steels have focused on alloys containing < 25 v/o 
martensite. The alloys in the present study all contain martensite contents in excess of 50 
v/o.  It is generally viewed that, as the martensite levels in the DP steels increase, the 
ductility and impact energy decrease.  Bag et al. [84] have found that the strength of the 
ferrite and martensite depend on the chemistry, shape and contiguity of the phases.  They 
observed that the strength and impact energy did not follow the law of mixtures but 
increased up to ~ 50 – 60 v/o martensite and then decreased above these levels. 
In Figure 34 the mechanical properties are plotted as a function of the ferrite level 
in the microstructure for several copper levels in the DPPH alloys in the as sintered state.  
Similar to the behavior of the low alloy DP wrought steels [84], as the volume fraction of 
ferrite increases tensile strength and hardness decrease while the ductility (measured by 
elongation) increases.  For a given v/o ferrite, the higher the copper concentration, the 
higher the strength and apparent hardness.  This is due to the solution strengthening effect 
of the copper in the matrix.  The microindentation hardness measurements shown in 
Figure 34(d) support this conclusion: the higher copper content alloys exhibited the 
higher microindentation hardness in the martensite phase.  The microindentation hardness 
of the martensite also decreases as the v/o ferrite increases as more of the solid solution 
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elements (copper and nickel) partition to the ferrite, depleting their content in the 
martensite.  These same trends also exist for the alloys in the aged condition. 
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Figure 34: Mechanical properties of DPPH PM steel (sintered) versus v/o ferrite (sintered 
density = 6.60 g/cm3):  (a) yield strength, (b) elongation, (c) apparent hardness and (d) 
microindentation hardness of martensite. 
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Bag et al. [84], found that the models based on the law of mixtures did not hold 
for a v/o of martensite > 55, while in the present study the law of mixtures is supported at 
these levels of martensite.  However, in the present study the structure of the martensite 
does not change as a result of a change in sintering temperature, whereas in the work by 
the previous authors the alloys were intercritically annealed to form the various 
microstructures leading to changes in the size and morphology of the martensite at 
different volume fractions.  In previous studies the strength of the martensite depended on 
the carbon level. When the martensite content was high, its carbon level was low, and 
hence the strength was low, while at small volume fractions of martensite the carbon 
level of the martensite was high leading to high strength martensite.  In the DPPH alloys 
the carbon content is low and the solid solution strengthening elements such as copper, 
nickel and molybdenum partition between the two phases. In these alloys there is a linear 
dependence of strength with the volume fraction of martensite over the range studied. 
In addition to the compositional and phase changes (as a result of the various 
sintering temperatures) the strength of the ferrite and martensite can change due to the 
precipitation process. Figure 35 shows an aging profile (by temperature) for 3 different 
copper levels in the DPPH PM stainless alloys.  Both the yield strength and apparent 
hardness behave as expected for an alloy in which PH is occurring. As the alloy is heated, 
precipitates are formed, impeding the movement of dislocations and causing an increase 
in strength and apparent hardness.  Above 427 oC the alloy starts to increase in strength 
and apparent hardness, reaching a maximum in both properties at approximately 538 oC.  
Above this temperature the precipitates start to coarsen and the apparent hardness and 
strength decrease.    
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Figure 35:  Aging profile of DPPH PM stainless steel alloys as a function of copper 
content: (a) yield strength, (b) apparent hardness and (c) elongation. 
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In order to prove that grain boundary carbides were the cause of the ductility trough seen 
at 482 oC an experiment was designed in which two sets of tensile specimens were 
sintered to produce a martensitic structure containing > 80 v/o martensite.  The tensile 
properties of the first set were tested at various aging temperatures from 371 to 566 oC.  
The second set was aged at 482 oC, tensile properties measured and the remaining 
samples were then re-aged at temperatures from 371 to 566 oC and tensile properties 
subsequently measured.  The tensile properties (including elongation) of both sets of 
specimens are shown in Figure 36.  For tensile specimens first aged at 482 oC , and then 
re-aged, the ultimate tensile strength, yield strength and apparent hardness all exceeded 
the properties of the aged samples. This reflects precipitation strengthening in that aging 
at the lower temperature yields a higher density of precipitates in the matrix.  The second 
aging treatment at the higher temperature results in more precipitation and a secondary 
increase in strength and apparent hardness.  This is common practice in some aluminium 
alloys.  The effect of the carbides is evident from the elongation results.  After aging at 
482 oC the grain boundary carbides produce a lower over all elongation, which decreases 
to a minimum at 482 oC.  However, at 538 oC the carbides go back into solution and the 
elongation is the same as that in the samples that were aged a single time at 538 oC.  The 
data support the fact that at high martensite levels, grain boundary carbides and nitrides 
form at 482 oC and above this temperature they go back in solution. 
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Figure 36: Aging profile of 2 w/o Cu DPPH alloy aged at 482 oC and re-aged at 538 oC: 
(a) ultimate tensile strength, (b) yield strength, (c) apparent hardness and (d) elongation. 
 
 
In order to more clearly examine these grain boundary carbides in the microstructure a 
tensile sample of the all martensitic DPPH chemistry was aged at 482 oC  for 48 h.  The 
fracture surface of the broken tensile bar highlights the weakness in the grain boundaries 
as numerous grain boundary cleavage points are seen (Figure 37).   
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Figure 37:  Fracture surface of the 2 w/o Cu DPPH alloy aged for 48 h at 482 oC showing 
grain boundary cleavage (brittle fracture). 
 
 
 
Presumably, because of its higher ferrite content, the 1 w/o Cu DPPH alloy does 
not show the decrease in ductility associated with the formation of carbides.  The 
ductility actually increases as both the strength and apparent hardness increase. This 
suggests that there is a certain level of martensite required for the formation of the 
carbides and a certain level of ferrite to ensure the combination of ductility and strength 
increase.   
In order to examine this hypothesis the 1 w/o Cu DPPH alloy was sintered at 
different temperatures in order to locate several different regions of the α+γ region. To 
achieve the same sintered density in all the specimens the initial compaction pressure was 
altered to offset the increased level of sintering at higher sintering temperatures.  This 
resulted in alloys that were at the same density but had different levels of ferrite and 
martensite, much like an intercritical anneal in low alloy dual phase steels. The 
elongation for the 1% Cu DPPH alloy is shown in Figure 38. The DPPH tensile 
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specimens were aged at temperatures ranging from 427 to 621 oC for 1 h in nitrogen.  In 
general, the yield strength, ultimate tensile strength and apparent hardness start to 
increase around 538 oC and then decrease at higher temperatures. From an examination of 
the ductility by aging temperature there appears to be two distinct responses.  At high 
levels of martensite (> 85 w/o) a decrease in ductility was seen at ~ 482 oC while 
conversely, at low martensite levels (< 40 w/o) the ductility increases even as the strength 
and apparent hardness increase.  This behavior suggests that a minimum level of 
martensite is necessary for grain boundary carbides to affect the tensile ductility. 
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Figure 38:  Elongation of 1 w/o DPPH alloy versus aging temperature.  Alloy sintered at 
various temperatures (1120 oC to 1260 oC) to vary the percentage of martensite. 
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The levels of ferrite and martensite are affected by the copper level of the alloy 
and the sintering temperature. Since the boundary lines of the two-phase region are 
unknown, quantitative metallography was utilized to determine the relative amounts of 
the phases present in each alloy for various sintering temperatures. In general, as the 
sintering temperature was increased (in the range of 1120 to 1260 oC), the percentage of 
ferrite in the microstructure increased. For a given sintering temperature, as the copper 
level in the alloy was increased, the level of ferrite in the microstructure decreased.  
Figure 39 shows tensile properties at various copper levels in the DPPH alloy sintered to 
produce at least 25 v/o ferrite in the microstructure.    
The data shows that as the alloy is aged and reaches peak hardness, the tensile 
strength increases to a maximum with a corresponding increase in ductility (elongation).  
This effect is more pronounced as the copper percentage is decreased and a higher 
volume fraction of ferrite exists. The small increase in apparent hardness and yield 
strength of the copper-free DP alloy may result from tempering of the martensite since 
the alloy does not contain any elements that result in precipitation. 
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Figure 39: Tensile properties of copper DPPH alloys sintered to achieve > 25 v/o ferrite: 
(a) yield strength, (b) elongation and (c) apparent hardness. (Ferrite levels correspond to a 
sintering temperature of 1260 oC  in Table 7). 
 
 
 
4.3 Heat Treatment-Aging 
 
4.3.1 Time Dependence 
 
Although there is considerable evidence that the microstructure of the DPPH 
alloys is critical to the ductility increase upon aging, the aging kinetics was critical to this 
phenomenon. In order to better understand the precipitation kinetics and the effect that 
the precipitates have on the tensile properties, measurements were made over shorter time 
50
52
54
56
58
60
62
64
24 93 204 316 427 538 649
0% Cu
1% Cu
2% Cu
2.5% Cu
3.5% Cu
4% Cu
A
pp
ar
e
n
t H
ar
dn
es
s 
(H
R
A
)
Aging Temperature (oC)
 87
intervals up to the 1h (consistent with the previous aging temperature studies).  Table 13 
cites the tensile properties, apparent hardness and electrical resistivity results for a 2 w/o 
Cu DPPH steels sintered at 1260 oC (~ 32 w/o ferrite) for various aging temperatures.  At 
316 oC, a temperature below which copper precipitates, the yield strength does not 
significantly increase over the time period examined.  The apparent hardness remains 
constant during the aging period. The electrical resistivity drops after the first 5 min and 
then remains constant. 
The ductility (measured by elongation) increases within the first 5 min and is 
essentially constant thereafter. The data for aging at 449 oC exhibit an increase in both 
yield strength and apparent hardness over 5 min intervals; both are still increasing when 
the 60 min time period is reached, indicating that the peak aging time has not been 
reached at this temperature.  There is a large increase in ductility within the first 10 min 
of aging and it increases further as time progresses.  The electrical resistivity continues to 
drop during aging due to the ongoing precipitation. At 538 oC, the yield strength and 
apparent hardness reach a maximum (presumably the peak aging time at this temperature) 
then decrease as the alloy is over aged.  Again, there is an initial increase in ductility 
within the first 10 min, and the apparent hardness increases and reaches a maximum at 
the peak aging time.  On aging at 760 oC, the temperature at which the copper goes back 
in solution, there is a drop in yield strength and apparent hardness within the first 5 min 
of aging and the ductility increases dramatically over this time period.  The yield strength 
of the alloy continues to drop over the 60 min time period, while the apparent hardness 
remains constant. Electrical resistivity measurements indicate that changes are occurring 
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in the microstructure within the first 5 to 10 min, after which no significant changes 
occur. 
 
 
 
Table 13: Tensile properties and resistivity measurements versus aging time on 2 w/o Cu 
DPPH alloy at aging temperatures of: (a) 316 oC, (b) 449 oC, (c) 538 oC and (d) 760 oC. 
 
Aged @ 316 °C Aged @ 449 °C
Aging Time   
(min) 0.2%YS UTS
Maxium 
Elongation
Apparent 
Hardness
Electrical 
Resistivity 0.2%YS UTS
Maxium 
Elongation
Apparent 
Hardness
Electrical 
Resistivity
(MPa) (MPa) (%) (R/A) µΩ*cm (MPa) (MPa) (%) (R/A) µΩ*cm
As sint 665 778 2.80 58 2.08 As sint 607 786 3.04 58 2.02
5 611 735 3.36 58 1.88 5 625 787 3.81 58 1.98
10 634 744 3.44 58 1.88 10 623 790 4.13 59 1.92
15 646 755 3.42 58 1.89 15 652 803 4.69 59 1.90
20 597 749 3.57 58 1.89 20 640 809 4.84 60 1.90
25 656 757 3.42 58 1.89 25 649 811 4.95 60 1.89
30 609 753 3.48 58 1.89 30 648 814 5.06 60 1.89
35 639 761 3.50 58 1.89 35 672 830 5.06 60 1.88
40 668 776 3.61 58 1.89 40 658 832 5.02 60 1.89
45 684 779 3.38 59 1.89 45 640 839 5.23 60 1.87
50 679 779 3.36 58 1.89 50 697 850 5.08 60 1.87
55 684 789 3.42 59 1.88 55 709 859 4.76 60 1.86
60 665 784 3.51 58 1.89 60 707 875 5.38 61 1.86
Aged @ 538 °C Aged @ 760°C 
0.2%YS UTS Maxium Elongation
Apparent 
Hardness
Electrical 
Resistivity 0.2%YS UTS
Maxium 
Elongation
Apparent 
Hardness
Electrical 
Resistivity
(MPa) (MPa) (%) (R/A) µΩ*cm (MPa) (MPa) (%) (R/A) µΩ*cm
As sint 607 786 3.04 58 2.02 As sint 665 778 2.80 58 2.08
5 641 801 3.68 59 1.98 5 575 649 6.07 55 2.00
10 723 889 5.00 62 1.84 10 511 649 6.51 55 2.00
15 695 900 5.29 63 1.76 15 500 661 5.91 55 2.00
20 711 883 5.55 62 1.75 20 514 670 6.02 55 2.00
25 688 859 5.80 62 1.72 25 514 668 5.83 55 2.00
30 661 842 5.96 62 1.72 30 527 682 5.54 55 2.00
35 701 818 5.65 61 1.71 35 502 670 5.75 55 2.01
40 672 810 6.05 61 1.71 40 509 674 5.83 55 2.01
45 653 798 5.79 61 1.70 45 473 664 6.01 55 2.01
50 677 785 5.95 61 1.69 50 496 669 6.09 55 2.00
55 651 772 5.69 60 1.68 55 487 667 5.65 55 2.01
60 645 775 6.04 60 1.68 60 479 684 5.56 55 2.00
Aging Time   
(min)
Aging Time   
(min)
Aging Time   
(min)
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Table 14 shows the aging profile for 17-4 PH, a fully martensitic-PH alloy.  The 
yield strength and apparent hardness reach a maximum at a very short time interval (10 
min), upon aging at 538 oC.  There is a drop in ductility as the yield strength and apparent 
hardness increase, then he ductility increases slightly at longer aging time; however it 
never reaches the initial value prior to aging.  The alloy does not appear to have reached 
the overaged condition within the 60 min aging period studied.   
 
 
 
Table 14: Tensile properties and electrical resistivity versus aging time for 17-4 PH alloy 
at 538 oC aging temperature. 
 
 
Aged @ 538°C 
0.2%YS UTS Maxium Elongation
Apparent 
Hardness
Electrical 
Resistivity
(MPa) (MPa) (%) (R/A) µΩ*cm
As sint 456 589 1.65 53 2.45
5 566 648 1.13 55 2.34
10 616 684 1.05 58 2.14
15 613 712 1.14 58 2.14
20 615 703 1.25 58 2.14
25 616 695 1.21 58 2.13
30 611 697 1.18 58 2.12
35 606 702 1.37 58 2.12
40 612 708 1.40 58 2.12
45 607 693 1.25 58 2.11
50 602 686 1.30 58 2.11
55 619 688 1.19 58 2.10
60 604 689 1.32 58 2.10
Aging Time   
(min)
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In order to further explore the role of martensite and ferrite in the DPPH alloys 
two additional materials were made, whose chemical compositions are shown in Table 
15.   
 
 
Table 15: Chemical composition of ferrite and martensite alloys derived from EDX 
measurements on 2 w/o Cu phase chemistries (w/o).  
 
Element (w/o)
Alloy Si Cr Ni Cu Mo
Ferrite 0.84 15.77 0.63 1.61 0.58
Martensite 0.89 11.20 1.82 2.69 0.16
 
 
 
The chemistry of these alloys was based on the EDX results of the ferrite and martensite 
compositions in the 2 w/o Cu DPPH for the alloys sintered at 1260 oC.  The intent was to 
produce copper containing DPPH alloys with microstructures of 100% ferrite and 100% 
martensite respectively and with compositions matching the phase chemistry that exists 
in the 2 w/o Cu DPPH sintered at 1260 oC.  Aging profiles versus times for these two 
alloys are shown in Table 16. 
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Table 16: Tensile properties and electrical resistivity measurements versus aging time in 
(a) all martensitic and (b) all ferritic DPPH alloys aged at 538 oC. 
 
All Martensite All Ferrite
0.2%YS UTS Maxium Elongation
Apparent 
Hardness
Electrical 
Resistivity 0.2%YS UTS
Maxium 
Elongation
Apparent 
Hardness
Electrical 
Resistivity
(MPa) (MPa) (%) (R/A) µΩ*cm (MPa) (MPa) (%) (R/A) µΩ*cm
As sint 449 553 1.79 50 2.39 As sint 300 443 8.57 44 1.39
3 485 596 1.89 50 2.38 3 297 432 8.38 45 1.38
6 524 613 1.72 50 2.32 6 293 435 9.13 45 1.37
9 535 558 0.79 52 2.20 9 303 440 8.69 46 1.34
12 449 512 0.64 54 2.16 12 304 442 9.26 46 1.33
15 528 573 0.82 54 2.07 15 301 441 8.90 46 1.32
20 609 669 1.09 55 2.01 20 305 442 8.86 46 1.31
25 621 716 1.65 55 1.94 25 310 449 9.19 46 1.32
30 618 710 1.83 55 1.92 30 312 453 9.19 46 1.31
45 610 688 1.66 55 1.89 45 335 464 8.22 47 1.30
50 623 705 1.68 55 1.88 50 327 463 8.66 47 1.30
55 619 715 1.91 54 1.86 55 331 469 8.95 47 1.31
60 596 696 1.84 54 1.86 60 342 475 8.45 47 1.30
70 606 687 1.72 54 1.85 70 346 479 8.29 48 1.30
75 590 671 1.80 54 1.85 75 351 481 7.94 48 1.31
80 591 682 1.95 55 1.84 80 353 485 8.07 48 1.30
100 574 663 1.82 53 1.84 100 364 494 8.18 48 1.31
Aging 
Time   
(min)
Aging 
Time   
(min)
 
 
Data for the all martensitic alloy highlight several points.  First the ductility 
decreases for the first 15 min of the aging period to a relatively low level. This is due to 
the precipitation of carbides, as discussed previously.  Although the specimens are placed 
in the furnace at the prescribed temperature (538 oC) it takes time for the samples to reach 
this set point.  At the shorter time intervals the samples may not reach the desired 
temperature and may actually be at lower temperatures, in this case around the 
temperature to form carbides (482 oC). As aging progresses these carbides go into 
solution and the ductility increases during the course of aging but does not increase above 
the initial value.  This indicates that in an all-martensitic alloy, strength and apparent 
hardness increases are not accompanied by a ductility increase. In the all-ferritic alloy, 
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although there is some scatter in the data, there is no ductility increase accompanying the 
increase in strength and apparent hardness.  The precipitation kinetics are faster with the 
all martensitic structure. The peak hardness and strength are achieved in a much shorter 
time interval than in the ferritic alloy.  The electrical resistivity of both alloys drops as 
precipitation proceeds. 
These results indicate that a DP microstructure must exist for a concurrent 
increase in strength, apparent hardness and ductility.  A significant increase in ductility in 
these alloys occurs within the first 5 to 10 min of aging, prior to peak strength and 
apparent hardness, which confirms that the precipitates are not a factor affecting the 
phenomenon. 
 Examining the yield strength changes in the first few minutes at various aging 
temperatures highlights differences in behavior.  In the 2 w/o Cu alloy aged at 316 and 
760 oC, the yield strength drops during the first few minutes of aging during which the 
ductility increase takes place. This temperature is below the temperature for the 
precipitation of copper so that this drop must be associated with some other factors.  For 
the alloys aged at 449 and 538 oC, the yield strength increases during this same time 
interval.  However in these alloys, precipitation is occurring which increases the yield 
strength.  The data for the 17-4 PH alloy indicates that precipitation occurs rapidly.  The 
precipitation may mask the nature of the ductility increase.  To further examine this 
possibility, the copper-free DP alloy (Alloy A) was tested in a similar fashion; the results 
are shown in Table 17. These results indicate that precipitation is associated with the 
initial ductility increase.  This DP copper-free alloy shows a ductility increase after aging 
5 to 10 min at 538 o C and suggests that the DP structure is involved in the ductility 
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increase, perhaps due to residual stress development. 
 
 
Table 17: Tensile properties and electrical resistivity versus aging time for copper free 
DPPH alloy aged at 538 oC. 
 
 
 
0.2%YS UTS Maxium Elongation
Apparent 
Hardness
Electrical 
Resistivity
(MPa) (MPa) (%) (R/A) µΩ*cm
As sint 473 615 4.52 52 1.53
5 460 616 4.65 53 1.51
15 491 621 6.40 54 1.48
25 469 615 6.55 54 1.47
35 480 623 6.49 53 1.47
40 496 633 6.49 53 1.47
45 480 618 5.86 53 1.48
50 488 626 6.07 53 1.46
55 502 638 5.96 53 1.46
60 502 639 5.73 53 1.46
Aging Time   
(min)
 
 
 
 
4.3.2 Residual Stress Effects on Yield Stress and Strain Hardening 
 
In order to more fully examine the nature of the stresses in the DPPH alloys over 
the conditions in which the ductility increases, a series of tensile/compressive tests were 
performed.  As discussed in section 2.10, residual stresses form in DP steels as a result of 
the austenite to martensite transformation which, due to the volume expansion of ~ 2.6 
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%, creates a residual compressive in the martensite and puts the ferrite in tension (Figure 
20). Since the DPPH alloys are aged, some relaxation of these stresses is expected. 
However since the DPPH alloys are > 50 v/o martensite, and although small plastic 
strains can exist in the ferrite, it is the martensitic phase that controls yielding in these 
alloys; macroscopic yield will not occur until the martensite deforms plastically. By 
measuring the tensile and compressive stresses at low strains in both the sintered and 
aged conditions, the amount and sense (i.e. tensile or compressive) of the residual stresses 
can be determined.  During the course of this work several important features were 
considered in regard to compressive testing: 
 
1. A comparison of yield stress in compression versus tension cannot be 
used directly to determine residual stresses in PM materials.  The 
porosity causes the yield stress to be lower in tension than that in 
compression. In tension the pores are stretched and the cross sectional 
area of is reduced leading to lower yield strength. Conversely, in 
compression the pores are closed, increasing the cross sectional area 
and increasing the yield strength. 
2. There are three independent phenomena occurring at the same time in 
the alloy system under study; the precipitation of copper increases the 
yield strength, the tempering of the martensite reduces the yield 
strength, while the thermally induced relaxation of the compressive 
residual stress in the martensite is expected to reduce the yield stress. 
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3. The competing processes of precipitation and relaxation of the residual 
stress can occur over different time periods at different temperatures. 
4. Specimen geometry can affect the yield strength in tension versus 
compression. 
5. Cyclic compressive and tensile tests are complex in porous materials. 
 
In order to design experiments to provide better insight, these factors need to be 
considered. 
In order to check the theory that a residual stress developed in the DPPH alloys, 
several experiments were designed to examine the factors affecting the tensile and 
compressive yield strength. The first experiment involved a wrought copper-free DP 
stainless steel (chemistry in Table 18).  The alloy is similar in composition, and develops 
a similar microstructure, to that in the DPPH alloys. 
 
 
 
Table 18: Composition of wrought DP stainless steel (w/o). 
 
Element (w/o)
Alloy P Si Cr Ni Cu Mn Mo
Durracor 0.027 0.41 11.82 0.48 0.04 1.45 0.29
 
 
 
This alloy was machined into test specimens and given the same sintering cycle as 
the PM DPPH alloys. Compressive and tensile yield strength were measured in samples 
aged at 538 oC for time intervals up to 60 min and the experiment repeated several times. 
Representative results are shown in Figure 40. 
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Figure 40: Tensile and compressive yield strength of Duracorr (pore-free wrought alloy) 
versus aging time at 538 oC. 
 
 
 
In absence of porosity, and since the specimen geometry was the same, a direct 
comparison of tensile and compressive yield strength can be made based on this set of 
data.  At the 5 min aging interval (538 oC), in which the ductility increase was seen in 
tension, the tensile yield strength decreases from 720 MPa to 588 MPa whereas the 
compressive yield increases from 628 MPa to 655 MPa at the 5 min interval, Figure 40.  
This indicates that a compressive residual stress exists and, after aging for 5 min, this 
stress is relieved. If the residual compressive stress is relieved, the tensile yield strength 
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should decrease since it no longer has to overcome the residual compressive stress.  
Conversely, if a residual compressive stress no longer exists, the compressive yield 
should increase after aging since there is no compressive residual stress assisting the 
applied stress.  This is consistent with the tensile data given in Table 17 for the copper-
free DP alloy which shows a drop in yield strength at the 5 min interval, from 473 MPa to 
460 MPa. The data in Figure 40 show that at longer time intervals the compressive and 
tensile yield strengths become equivalent; this is attributed to recovery by dislocation 
annihilation and re-arrangement. 
Although a comparison between the PM samples in tension and compression 
could not be made due to the effect of porosity, the compressive yield strength of the 
DPPH PM alloys can be examined as a function of aging time. Since the level of porosity 
is constant it would be expected that the results can be compared directly. As seen from 
the wrought steel grade, if a residual compressive stress exists, upon aging the stress will 
be relieved and the compressive yield strength will increase. Figure 41 shows a plot for 
the copper-free and 2 w/o Cu DPPH PM alloys.  The compressive yield strength in these 
plots is shown as a function of aging time (at 538 oC).  Both plots show that the 
compressive yield strength increases in the first 5 min.  The compressive yield strength of 
the copper-free alloy stays fairly constant throughout the time interval studied, whereas 
the compressive yield strength for the 2 w/o Cu DPPH alloy increases and then decreases.   
The major difference between the two alloys is the copper content. 
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Figure 41: Compressive yield stress of: (a) copper-free DP alloy and  (b) 2 w/o Cu DPPH 
alloy as a function of aging time at 538 oC. 
 
 
 
A complication arises when examining the 2 w/o Cu DPPH alloy.  As the aging 
time increases, precipitation of copper occurs and the compressive yield strength 
increases with time.  Since the precipitation of copper occurs rapidly it is difficult to 
distinguish between relaxation of the residual stress and the onset of precipitation.  In 
order to more clearly separate these two competing factors, alloys were aged at 204 and 
316 oC, which is below the copper precipitation temperature; these results are shown in 
Figure 42. Even after 60 min at 204 oC, there does not appear to be any change in the 
residual yield stress; however, at 316 oC after ~ 7.5 min the residual compressive yield 
strength increases. Table 13 shows that in the as sintered condition the tensile yield 
strength is 665 MPa, which after aging at 5 min decreases to 611 MPa.  Since this occurs 
at a lower temperature than that at which copper precipitation occurs, it is attributed to 
the relief in the residual stress, which appears to be related to the microstructural 
constituents. 
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Figure 42: Compressive yield stress below the copper precipitation temperature for 2 w/o 
Cu DPPH alloy: (a) 204 oC and (b) 316 oC. 
 
 
 
In a previous section it was established that the increase in ductility varied with 
the levels of ferrite and martensite in the microstructure.  The residual compressive stress 
(Figure 40) developed in a microstructure, which consisted of a ferrite/martensite 
mixture.  It was also shown (Figure 38) that the ductility increase was not seen in the 
fully martensitic microstructure.  Therefore the residual stresses in the all martensitic and 
all ferritic alloys were examined (Table 15). Figure 43 gives the compressive stress 
measured in the as sintered condition and after aging for 30 min at 316 oC (aging below 
the temperature for copper precipitation).  The plots show that there is no increase in 
compressive yield strength from the sintered to aged conditions for both microstructures.  
This indicates that there is no residual stress in these alloys and supports the finding of no 
ductility increase.  This also highlights that a DP microstructure is necessary in order to 
result in a concurrent increase in strength and ductility. 
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Figure 43: Compressive yield stress for (a) all martensitic microstructure and (b) all 
ferritic microstructure aged at 316 oC. 
 
 
 
For alloys in which residual stresses exist, it is sometimes useful to prestrain the 
material in the direction opposite to that of the residual stress to eliminate some (or all) of 
the stress. For example, an alloy with a residual compressive stress can be prestrained in 
tension to eliminate the compressive stress.  When the alloy is tested in compression it 
requires a higher stress for deformation since the original residual compressive stress no 
longer assists the applied stress.  Due to porosity in PM materials, it is difficult to use 
cyclic testing. In tension the applied stress opens the pores and in compression the pores 
become closed. Thus it is difficult to compare absolute values of tensile and compressive 
stress in porous materials. However in the DP microstructure, a Bauschinger effect may 
be generated by exerting a tensile strain to remove any compressive residual stress 
resulting from the phase change (austenite to martensite). 
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Figure 44: Compressive stress versus strain as a function of prestrain in tension for (a) 
martensitic 17-4 PH (b) copper-free DP alloy (35 v/o ferrite balance martensite). 
 
 
 
Since the elastic strains generated by the tensile pre-strain will be greater in the 
martensite than in the ferrite, after removing the tensile load, the elastic strain (shrinkage) 
lost on unloading will be greater in the martensite than in the ferrite.    Since these phases 
are connected this will put the martensite into compression and the ferrite into tension, as 
it did in the austenite to martensite transformation (though with small strains). In the DP 
alloys, a forward tensile strain would create larger residual compressive stresses with the 
higher forward tensile strains. If the alloys were single phase, for example martensite, no 
significant difference should be seen.  Figure 44 shows the compressive yield strength of 
martensitic (single phase) 17-4 PH versus a copper-free DPPH (ferrite/martensite) alloy 
pre-strained in tension to several strain levels.  The 17-4 PH alloy does not show any 
significant change in compressive yield strength while the DP copper-free alloy shows a 
significant decrease with increasing prestrain. The compressive strain hardening does not 
change in the 17-4 PH alloy but decreases in the DP copper-free alloy.  This indicates 
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that the DP microstructure contributes to the initial residual stress. 
 
 
4.3.3 Effect of Precipitation on Yield Stress and Strain Hardening 
 
The preceding results focused on the first few minutes of aging and dealt 
primarily with the residual stresses developed.  After this time period precipitation of 
copper dominates and the precipitation kinetics and nature of the precipitates need to be 
examined, as they pertain to the strength and ductility of the DPPH alloys. To this end, 
the influence of precipitation on work hardening was examined to identify the 
interactions between dislocations and precipitates (in particular shearing versus 
bypassing). As discussed in section 2.8 the work hardening behavior of ferritic Fe-Cu 
systems appears significantly different than that of the martensitic Fe-Cu systems.  This is 
highlighted in Figure 45, which shows the true stress-true strain curves for the all ferrite 
and all martensite copper-containing PH alloys.  From this figure, it is evident that there 
is a significant increase in the rate of work hardening in the all martensitic alloy after 
aging as it gives the same total elongation as in the unaged condition but at a much higher 
yield strength.  In the all ferritic alloy the work hardening rate does not increase 
significantly with aging. This provides evidence that the precipitation and work 
hardening behavior are dependent on the microstructure of the alloy. 
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Figure 45: True stress versus true strain for copper containing all ferritic and all 
martensitic alloys sintered and aged 538 oC, 1h. 
 
 
 
The work hardening rate was analyzed by fitting the stress strain curve from the 
yield point to maximum load with a polynomial function and then differentiated.  The 
work hardening rate θ, is defined as the ratio of the change in true stress to the change in 
true strain, (dσ/dε) and is plotted as a function of the reduced flow stress σ-σy (where 
σ is the true stress and σy, is the yield strength). Useful features of the curve are the initial 
work hardening rate, (given by the intercept), and the slope, which is the change in the 
decrease in the work hardening rate and indicates the rate of dynamic recovery.  Figure 
46 shows a plot of the work hardening rates versus the reduced flow stress for 17-4 PH 
PM stainless steel and a 2 w/o Cu DPPH alloy. 
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Figure 46: Work hardening rate versus reduced flow stress for various aging times at 538 
oC (a) 17-4 PH and (b) 2 w/o Cu DPPH alloy. 
 
 
 
The change in slope, which is an indication of recovery, is different in the two 
alloys.  For the 17-4 PH alloy the slope decreases from the sintered condition and during 
the first 5 min of aging and then remains constant.  This can be rationalized by the fact 
that precipitation occurs rapidly (within the first 5 min) and the overall rate of recovery 
(decrease in slope, i.e. more negative) can be due to the precipitation of copper. The 
depletion of the copper in solid solution decreases the ability of the alloy to retain 
dislocations and tends to decrease the work hardening rate [52].  For the 2 w/o Cu alloy 
only a small change in slope occurred over the aging period.  There is a small change 
(decrease) in the slope early in the precipitation process but it remains constant thereafter. 
The initial work hardening rate of the two alloys is also different.  Figure 47 
shows the initial work hardening rate as a function of aging time.  In the 17-4 PH alloy 
the initial work hardening rate rises rapidly within the first 5 min of aging and then drops 
off dramatically thereafter.   
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Figure 47: Initial work hardening rate versus aging time (a) 17-4PH and  (b) 2 w/o Cu 
DPPH aged at 538 oC. 
 
 
 
As seen in Table 14, precipitation in 17-4 PH occurs over short time intervals and 
the peak strength corresponds to a peak in the initial work hardening rate. In the 2 w/o Cu 
DPPH alloy the initial work hardening rate is high and then drops dramatically.  The 
relief of the residual stress overshadows any increase in the initial work hardening rate 
due to the precipitation of copper. The drop in the initial work hardening rate is not the 
only significant difference between the two alloys.  
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Figure 48: Work hardening rate as a function of true strain for 17-4 PH and 2 w/o Cu 
DPPH alloys aged at 538 oC for various times. 
 
 
 
The work hardening rate as a function of true strain is shown if Figure 48.  At low 
strains in the DPPH alloy the initial work hardening rate in the as sintered condition is the 
highest. As sintered 17-4 PH exhibits the lowest initial work hardening rate.  At higher 
strains the work hardening rate in each alloy crosses over and for 17-4 PH, the work 
hardening rate in the as sintered condition is highest whereas in the aged DPPH alloy the 
work hardening rate is higher at higher strains. 
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Figure 49: Considere plots showing the increase in ductility (necking strain) for 2 w/o Cu 
DPPH (a) sintered and (b) aged 538 oC for 60 min. 
 
 
 
Considere plots are shown in Figure 49 for the 2 w/o Cu DPPH alloy in the 
sintered and aged (538 oC F for 60 min) conditions.  The figure indicates that in the 
DPPH alloys failure occurs by necking.  Interestingly, aging actually increases the strain 
leading up to necking. The strain at the point of instability in the aged alloy is ~ 1% 
higher than in the as sintered condition, while the total strain is 2% higher in the aged 
condition.   This increase in ductility can be due to an increase in work hardening, or 
possibly due to recovery (dislocation rearrangement/annihilation) in the martensite, in the 
DP microstructure.  To understand the role of recovery in the martensite a copper free 
alloy was needed of similar composition (to remove the influence of precipitation) to 
determine at what temperature, if any, recovery occurs. To this end, the alloy cited in 
Table 19 was evaluated. 
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Table 19: Composition of fully martensitic PM stainless steel (w/o). 
Element (w/o)
Alloy P Si Cr Ni Cu Mn Mo
Martensitic 0.020 0.56 12.30 4.12 0.04 0.04 1.03
 
 
 
 
The tensile properties and apparent hardness of this alloy were measured as a 
function of aging temperature (1 h) and are shown in Table 20.  It was confirmed that the 
microstructure was all martenstic, with the same lath structure as that exhibited in the 
DPPH alloys.  There appears to be no significant decrease in yield strength on aging at 
538 oC and no significant increase in ductility compared with the sintered condition.  The 
decrease in properties seen at 427 oC, specifically ductility, is the result of the formation 
of carbides (discussed earlier).  The lack of a significant increase in elongation at 
temperatures approaching 593 oC indicates that no significant recovery has occurred.  
 
Table 20: Tensile properties of fully martensitic alloy as a function of aging 
temperature. 
 
 
 
Aging 
Temperature 0.2%YS UTS
Maxium 
Elongation
Apparent 
Hardness
oC (MPa) (MPa) (%) HRA
As Sintered 483 589 1.47 50
204 493 583 1.39 49
316 512 581 1.08 50
427 483 533 0.59 52
538 511 583 1.32 50
593 408 447 1.50 42
615 360 445 2.40 42
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Dislocation recovery does not appear to be the cause of the increased work 
hardening rate. To understand the changes in work hardening rate with strain (a plot of ln 
dσ/dε versus ln ε) can be used to delineate the different stages of work hardening during 
the deformation process.  This is called the Jaoul-Crussard (J-C ) analysis and has been 
used to predict the role of microstructural constituents on the work hardening behavior in 
DP steels. 
Figure 50 displays the J-C analysis for the 2 w/o Cu DPPH alloy in the as sintered 
and aged conditions.  In the sintered condition the alloy shows two stages of work 
hardening while the aged alloy exhibits three-stages of work hardening. It has been 
shown that work hardening over the entire strain range is not uniform.  The Jaoul-
Crussard analysis offers a means to detect changes in the work hardening behavior of 
materials but these still must be linked to some microstructural changes in the material.  
In general the rationale for the deformation stages in DP steels is as follows [86]: 
 
Stage 1: This stage is a result of the homogeneous deformation of the ferrite, which 
contains mobile dislocations due to the transformation of austenite to martensite upon 
cooling. 
 
Stage 2: This stage covers a region in the decrease in the work hardening rate is lower, 
due to constrained deformation of the ferrite (due to the surrounding martensite). 
 
Stage 3: This stage involves dynamic recovery of the ferrite and plastic deformation of 
the martensite. 
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Figure 50: J-C analysis for 2 w/o Cu DPPH alloy (a) sintered and (b) aged at 538 oC for 
1h. 
 
 
 
However, since the mechanical properties of DP steels are controlled by chemical 
composition, the relief of residual stresses, the volume fraction, type and morphology of 
each phase, and the deformation response are different for different alloys [87].   
 Since the current alloys combine both a DP microstructure and PH the 
deformation characteristics are complex and change with strain.  Previously the 
determination of the n-value was the most common method for describing the strain 
behavior of steels [35,87-90].  Several mathematical descriptions have been developed to 
describe the stress-strain curve. The three most commonly used expressions are [91]: 
 
 
σ = K εn  (Hollomon)     (7) 
σ = σο + K εn  (Ludwick)     (8) 
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σ = Ks (ε1 + ε)n  (Swift),     (9) 
 
where σ and ε are the true stress and true strain and K, ε1, and σο are constants.  The n 
values are determined from the slope of a log-log plot of the true stress versus true strain. 
These strain hardening laws were conceived to mathematically fit as closely as possible 
to the stress-strain curve without regard for metallurgical significance, although they 
correlate well to deformation changes, with the correct assumptions.  These assumptions 
generally pertain to the determination of points on the curve where the slope (n value) 
exhibits significant changes. As can be seen from Figure 50 a determination of the 
specific strain at which there is a significant change in the n-value is difficult since, in 
many cases, the n-value is continuously changing with strain. Therefore assuming that the 
n values are constant, even for small increments of strain, may be problematic.  
Furthermore, if a particular strain equation is chosen a priori, different interpretations of 
the data can exist. 
Ratke and Welch [91] have defined a differential n-value, which is independent of 
any strain hardening law and represents the instantaneous slope of the stress strain curve. 
When plotted against the true strain the instantaneous n-value reflects the deformation 
characteristics in a continuous manner.  In systems where there may be more then one 
deformation mechanism occurring the changes in work hardening rate is more obvious 
then when using average values of n.     
The authors define the differential ni value as: 
  
ε
σ
σ
ε
ε
σ
d
d
d
d
ni == )(ln
)(ln
      (10) 
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where ni is the instantaneous slope of the stress-strain curve in its double 
logarithmic form. Additionally, the point of instability [35] is defined as: 
 
σ
ε
σ
=
d
d
       (3) 
 
and therefore the strain at which necking (true uniform strain) occurs is: 
 
  iu n=ε         (11) 
 
  
 In order to understand their behavior it is useful to break down the 
individual mechanisms in the alloy system starting with the individual phases.  In order to 
develop a more detailed understanding of strain hardening, many authors have utilized 
the instantaneous value of n (strain hardening exponent) eliminating the need to assume 
any specific strain hardening behavior (i.e. two stages versus three) [87,92-95]. Figure 51 
shows a plot of the instantaneous strain hardening exponent (ni,) versus the true plastic 
strain for the ferritic and the martensitic compositions of the 2 w/o Cu DPPH alloy in the 
as sintered and aged (60 min, 538 oC) conditions.  In both alloys there is an initial 
decrease in the incremental work hardening rate versus strain, however in the fully 
martensitic alloy the work hardening rate constantly decreases whereas in the ferritic 
alloy it decreases and then reaches a plateau, slightly increasing, before finally dropping 
rapidly at high strains. 
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Figure 51: Instantaneous work hardening rate versus true strain for as sintered and aged 
alloys (60 min) at 538 oC for (a) ferritic and (b) martensitic composition of 2 w/o Cu 
DPPH. 
 
 
 
  The work hardening rate of the aged ferritic alloy is less than that in the sintered 
condition and the opposite is true in the martensitic 2 w/o Cu DPPH. The broken line in 
Fig. 51(a) represents the condition where the incremental work hardening rate is 
equivalent to the amount of true strain, therefore the intersection of the dotted line with 
the incremental work hardening curve represents the uniform elongation. In the 
martensitic alloy, and in both conditions (sintered and aged) the uniform elongation is 
equal to the total elongation so that the alloys fracture without necking.  The strain at 
fracture is much higher in the ferritic alloy than in the martensitic alloy.  The overall 
work hardening rate of the martensitic alloy is greater than that in the ferritic DPPH alloy. 
 In order to achieve a better understanding of both the role of the phases (ferrite 
and martensite) and the role of copper precipitation in each phase a new set of alloys was 
prepared.  The starting composition for these base powders in shown in Table 21.  The 
super-ferritic is a composition that has a high level of ferrite stabilizers (chromium and 
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molybdenum) ensuring a ferritic microstructure at the sintering temperatures employed, 
1260 oC.  Copper was added as a premix addition to this alloy so that essentially four 
ferritic compositions existed; 0,1,2 and 3 w/o Cu.  The high level of chromium ensured 
the microstructure was still ferritic after the addition of copper levels up to 3 w/o. A super 
martensitic alloy, one with significant levels of austenite formers (copper (admixed) and 
nickel), was utilized with the same additions of copper, to produce a fully martensitic 
structure upon sintering at 1260 oC. The results of these alloys led to the ability to have a 
fully ferritic and martensitic microstructure (of consistent composition) with levels of 
copper of 0,1,2 and 3 w/o.  
 
 
 
Table 21: Chemical composition of super ferritic and martensitic alloys with 
admixed copper additions (w/o). 
 
 
 
The tensile properties of each alloy were determined in the sintered condition and 
after aging at 538 oC for 1 h. The plots of instantaneous work hardening rate versus true 
strain are shown in Figure 52. For each phase the shapes of the plots are similar to those 
of the 2 w/o Cu ferrite and martensite plots shown in Figure 51. The ferritic composition 
shows similar behavior in both the as sintered and aged condition.  For the copper-free 
alloy, the rate of work hardening increases slightly at low strains (< 0.03) then decreases 
as the maximum strain is approached (> 0.07).  For the copper bearing ferritic alloys 
Element (w/o)
Alloy P Si Cr Ni Mn Mo Cu
Super-Ferritic 0.007 0.85 27.00 0.05 0.04 1.00 0,1,2 and 3
Super-Martenstic 0.012 0.56 12.30 4.12 0.04 1.03 0,1,2 and 3
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there is a small initial drop in the work hardening rate (true strain < 0.01) then a slight 
increase with increasing strain and finally a sharp drop as the maximum elongation is 
reached. 
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Figure 52: Instantaneous work hardening rate versus true strain for as sintered 0,1,2 and 3 
w/o Cu (a) ferritic sintered, (b) ferritic aged 538 oC, 1h, (c) martensitic sintered and (d) 
martensitic aged 538 oC, 1h. 
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The total elongation of the copper bearing grades is less in the aged condition than 
in the sintered condition.  The yield strength and apparent hardness of the aged copper 
bearing alloys are higher than in the sintered condition, as shown in Table 22. The 
incremental work hardening rate of the ferritic alloys is significantly lower than in the 
martensitic alloys.   
 
 
 
Table 22: Tensile properties of ferritic and martensitic alloys in sintered and aged 
(538 oC, 1h) conditions as function of copper level.  
 
Copper UTS YS Elongation Apparent Hardness
Alloy (w/o) (MPa) (MPa) (%) (HRA)
Ferritic
Sintered 0 357 283 7.4 37
Aged 0 368 296 7.7 38
Sintered 1 410 346 6.7 41
Aged 1 477 415 4.6 47
Sintered 2 405 345 6.4 41
Aged 2 465 411 4.3 46
Sintered 3 413 355 6.3 42
Aged 3 492 431 5.0 47
Martensitic
Sintered 0 587 484 1.5 50
Aged 0 586 511 1.3 50
Sintered 1 618 485 1.9 48
Aged 1 658 562 2.1 51
Sintered 2 593 471 2.1 47
Aged 2 660 581 2.0 50
Sintered 3 561 442 2.0 46
Aged 3 630 542 1.8 50
 
 
 
 
 The initial instantaneous work hardening rate in the martensitic alloys is high at 
low strains (< 0.01%) and then decreases continuously to the point of fracture at strains   
 117
~ 2.0%.   The initial work hardening rate is lower in the aged condition for all the copper 
containing martensitic alloys, compared with the sintered condition and this leads to a 
lower work hardening rate at a given strain.  The work hardening rate of the copper-free 
martensitic grade does not appear to be affected by aging.  For the copper-free 
martensitic alloy these is no significant increase in tensile properties, apparent hardness 
or elongation with aging. For the copper-containing martensitic alloys there is an increase 
in tensile properties and apparent hardness, but no significant change in elongation. 
 Figure 53 shows a plot of the instantaneous strain hardening exponent (ni,) versus 
true plastic strain for the copper-free DPPH alloy and the 2 w/o Cu DPPH alloy in the as 
sintered and aged (60 min, 538 oC) conditions. These alloys contain ferrite and martensite 
with a ferrite level ~ 25 to 30 v/o. For both alloys the initial work hardening rate 
decreases as aging time increases then levels off as the strain increases.  The figure 
clearly shows that, as the deformation increases, the strain hardening exponent in the as 
sintered condition continues to decrease while the strain hardening exponent in the aged 
alloy levels off to a nearly constant level. This explains, in part, the tendency towards 
higher uniform elongation values upon aging. The exact cause of this increase in work 
hardening is still unclear. For the copper-free DP alloy the work hardening rate at longer 
aging times decreases more rapidly compared with shorter aging times leading to lower 
values of uniform and total elongation.  In the 2 w/o Cu DPPH alloy the work hardening 
rate increases with aging time, even at the longer times.  The total elongation increases as 
the aging time increases. Figure 53 also indicates that once uniform elongation is 
reached, the work hardening rate decreases; however, the extent of post necking strain 
increases with increasing aging time.  
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Figure 53: Instantaneous value of n as a function of strain in the sintered and aged (60 
min at 538 oC) conditions: (a) copper-free alloy and (b) 2 w/o Cu DPPH alloy. 
 
 
 
Uniform elongation is limited to the onset of plastic deformation and strain during 
necking is complex and is controlled by strain hardening and the nucleation, growth and 
coalescence of voids [95-96].  The maximum strain is a total of the uniform and 
nonuniform strains associated with necking.  Tensile results for two alloys are 
summarized in Table 23.  Data include yield strength, uniform elongation, elongation in 
the neck and total elongation. The alloys examined were a PM copper-free DP steel and a 
2 w/o Cu DPPH alloy.  For the copper-free alloy the uniform elongation and necking 
elongation increased with aging temperature then decreased towards the end of the aging 
period (60 min). The total elongation of this alloy increased from that in the sintered 
condition. For the 2 w/o copper DPPH alloy the elongation (uniform and necking) 
increased and remained at their maximum values over the aging period leading to a 
continuous increase in total elongation during aging. It is obvious that the higher work 
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hardening rate at higher strains has delayed the onset of localized deformation (necking) 
under the applied tensile stress.   
 
 
 
Table 23: Yield strength, total, uniform and necking strain for alloys aged at 538 oC for 
various times. 
 
 
 
 
The effect of the copper level in the various DPPH alloys is illustrated in Figure 
54.  The alloys were sintered at high temperatures to produce a DP microstructure 
(ferrite/martensite). Also the alloys were processed to the achieve the same sintered 
density (6.6 g/cm3) and aged at 538 oC for 1 h.  The level of ferrite decreases with the 
amount of copper.  The results show that at lower copper levels (1 to 2 w/o) the plateau 
or leveling off in the work hardening rate increases compared with the as sintered 
condition.  At higher copper levels the work hardening rate decreases more rapidly. 
 
 
 
Alloy Aging Time YS εt εu εn
(Min) (MPa) (%) (%) (%)
DPPH 0 w/o Cu 0 473 4.8 4.0 0.8
5 460 4.9 3.9 1.0
15 491 6.0 5.9 0.1
25 469 7.4 5.6 1.8
35 480 7.0 7.0 0.0
60 502 6.6 5.4 1.2
DPPH 2 w/o Cu 0 607 2.8 2.7 0.1
5 637 3.9 3.2 0.7
15 695 6.0 4.2 1.8
45 653 6.2 4.4 1.8
60 645 6.4 4.8 1.6
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Figure 54: Instantaneous n value for various copper levels as a function of strain. Sintered 
density 6.6 g cm3. Aged at 538 oC for 1 h. 
 
 
 
4.4 Fractography 
 
Formation of voids at the ferrite/martensite interfaces has been shown to be the 
primary fracture mechanism in DP steels. Because of plastic incompatibility between the 
ferrite and martensite at the interface between the two phases this is the preferred location 
at which to accommodate the strains [97-98].  Figure 55 shows a micrograph of the 1 w/o 
Cu DPPH alloy in the as sintered condition.  Microcracks are present at pores 
perpendicular to the stress axis.  These cracks were found in both the as sintered and aged 
conditions, however the number and proximity to the fracture surface varied in the two 
conditions.  
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Figure 55: Polished microstructure of 1 w/o Cu DPPH alloy showing microcracks 
(circled). Optical Micrograph. 
 
 
 
  Figure 56 shows the tensile fracture surfaces of the sintered and aged 1 w/o Cu 
DPPH alloy.  The red dots delineate the location of the microcracks illustrated in Figure 
55.  The frequency of the microcracks is much greater in the sintered than in the aged 
alloy and the distribution of microcracks in the sintered condition is much closer to the 
fracture surface. In the aged alloy the cracks are fewer in number and are located more 
uniformly from the fracture surface.  The fracture surface of the sintered alloy has 
segments that are jagged and angular when compared with the aged alloy.  The 
appearance of the both the microcracks and the fracture surface in the sintered alloy 
indicates that the fracture is less ductile than in the aged alloy.   
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(a) (b) 
Figure 56: Polished cross-section of broken tensile bar with red markers delineating 
microcracks in 1 w/o Cu DPPH alloy: (a) as sintered and (b) aged. Optical Micrographs. 
 
  
 
Four mechanisms have been found to influence the formation of cracks and voids:  
(i) decohesion at the interface between martensite and the ferrite matrix, (ii) fracture of 
martensite, (iii) crack formation in the ferrite in proximity to sharp corners of martensite 
where the stresses are substantially higher than the average, and (iv) void formation 
around inclusions [99-101]. During tensile loading the load will be transferred from the 
softer ferrite matrix to the harder martensitic phase resulting in a large stress in the 
martensite. During the later stages of the fracture process decohesion of the 
martensite/ferrite interfaces may occur. As the limit of uniform elongation is approached 
some of the martensitic areas (where sufficient stress has already been built up) may 
fracture.  Voids may also be formed around inclusions due to the tensile stress. If the 
voids connect, the cross sectional area of the specimen will be reduced, and necking will 
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occur under the applied load.  Figure 57 illustrates the types of crack or voids that 
developed in the 1 w/o Cu DPPH alloy in the as sintered condition. Area 1 shows a 
microcrack propagating through a ferrite grain, while area 2 highlights a crack at the 
interface between martensite/ferrite grains.   
 
 
 
 
Figure 57: Etched cross-section of broken tensile bar with green markers delineating 
microcracks in 1 w/o Cu DPPH alloy (sintered): (1) in ferrite and (2) at ferrite/martensite 
boundary. Optical Micrograph. 
 
 
 
These two forms of crack are typical of the cracks formed in the 1 w/o DPPH 
alloy and are found predominately near the fracture surface, Figure 56.  Few voids/cracks 
were found outside the area where necking occurred. Cracking initiated primarily at the 
interfaces that were perpendicular to the tensile axis. Additionally, many of the cracks 
originated at pores.  There was no evidence that cracks existed within the grains of 
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martensite. Figure 58 illustrates the plastic deformation of the individual phases in the 1 
w/o Cu DPPH alloy in both the as sintered and aged conditions.  The sections were taken 
close to the fracture surface and the tensile direction is horizontal.  In the sintered 
condition the microstructure consists of equiaxed ferrite and martensite, approaching that 
of the unstrained alloy. In the aged alloy deformation is present in both the ferritic and 
martensitic grains aligned parallel to the stress direction. 
 
 
 
       
        (a)          (b)  
Figure 58: Etched cross-section of broken tensile bars of 1 w/o Cu DPPH alloy with 
green arrows delineating the direction of stress: (a) sintered, and (b) aged 538 oC, 1 h. 
 
 
Figure 58 highlights micro deformation and Figure 59 illustrates macro- 
deformation and shows the change in dimensions of the cross sections of the sintered and 
aged tensile bars.  Measurements on the cross section indicate that the sintered specimen 
was reduced in cross section by 6 percent while the cross section of the aged specimen 
was reduced by 7.7 percent. When comparing the change in cross section of the sintered  
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     (a) 
     (b) 
Figure 59: Polished cross sections of tensile fractures for 1 w/o Cu DPPH alloy             
(a) sintered and (b) aged at 538 oC for 1 h. 
 
versus aged tensile bars, it is evident that the cross section of the aged specimen is 
reduced as the strain to fracture is approached.   
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These micrographs are consistent with the tensile results that show the aged 
specimens fail by necking while the as sintered specimens exhibit a less ductile fracture 
and hence, exhibit a lower reduction in area. 
 SEM images of the fracture surface of the 1 w/o Cu DPPH alloy are shown in 
Figure 60. The fracture surface of the aged specimen shows the presence of dimples, 
characteristic of ductile fracture while in the sintered condition there is evidence of 
cleavage in some grains. 
 
 
 
            
         (a)                    (b) 
Figure 60: Characteristic fracture surfaces of 1 w/o Cu DPPH (a) sintered (b) aged at 538 
oC,1 h. SEM 
 
 
Analysis of the pore structure also shows that the aged alloy is more ductile than 
the as sintered alloy. Mechanical testing can often result in a change in the shape of the 
pores as a result of the attendant deformation.  The elongation produced in tension can 
have a pronounced effect on the appearance of the etched microstructure and the shape of 
the pores.  When the microstructure, including the pore network, was originally random 
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in shape and oriented randomly, tensile elongation introduces a preferred orientation with 
pores distorted in the direction of the tensile stress.  
 This condition can be quantified metallographically utilizing image analysis by 
placing separate arrays of horizontal and vertical lines over the area of the sample to be 
examined. The lines are equally spaced in both directions and, when combined, produced 
a square grid that is used to probe the sample.  Each line length is measured and the total 
line length in each direction calculated. Line segments coincident with each pore are 
saved in image memory and the number of individual end points of these lines counted.   
In the present analysis, each endpoint encountered at the edge of the image frame 
was eliminated because it did not represent a pore boundary.  With values for the number 
of line endpoints and the total line length for each direction known, a ratio of the number 
of vertical endpoints/unit line length divided by the number of horizontal endpoints/unit 
line length was calculated.  In the case where the shapes and distribution of the pores was 
random, no orientation was present and the number of counts per unit line length was 
basically the same in both the vertical and horizontal directions (V/H = 1).  If the sample 
was deformed in the direction of the stress (aligned horizontally on the stage) the number 
of lines intersecting the pore horizontally will decrease and the V/H ratio will increase.  If 
the pores are deforming vertically (perpendicular to their alignment in the stage) the 
number of vertical intersections will decrease and the V/H ratio will be < 1. 
In the present case, as the areas chosen for evaluation approached the fracture 
surface, the ratio increased to >1 in both the aged and as sintered conditions in the 1 w/o 
DPPH alloy.  This indicates that the pores underwent measurable deformation, and were 
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stretched in the horizontal direction, thus creating more coincidence with the vertical 
lines in the array. 
As indicted by the V/H ratio, the expansion of the pores in the sintered and aged 
conditions for the 1 w/o DPPH alloy is shown in Figure 61.  In the present case, as the 
areas chosen for evaluation approached the fracture surface, the ratio increased to >1 for 
both the aged and as sintered conditions.  This indicates that the pores underwent 
measurable deformation, became stretched in the horizontal direction, and created 
increased coincidence with the vertical lines in the array. 
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Figure 61: Pore orientation in 1 w/o copper DPPH alloy in the sintered and aged 
conditions as a function of distance from fracture surface. 
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The V/H ratio for the aged specimen is higher and takes greater distances to decrease 
than in the sintered alloy.  This indicates that the pores, and hence the base metal, is 
deforming in the direction of the tensile stress and that the extent of this deformation is 
greater in the aged alloy.  This result is consistent with the macro and micro deformation 
described previously. 
 
4.5 Microindentation Hardness 
 
Figure 62 shows the microindentation hardness of both the ferritic and martensitic 
regions in the 2 w/o Cu DPPH alloy as a function of aging temperature.  As expected, due 
to the higher level of copper in the martensite, the aging effect is more pronounced than 
in the ferrite.  It has been shown previously that, as the copper level of the DPPH alloy is 
increased, the microindentation hardness of the martensite increases (Figure 34(d)). In 
general, the microindentation hardness results mirror those of apparent hardness for the 
PM alloys and the cast and wrought versions of the DPPH alloys. 
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Figure 62: Microindentation hardness of ferrite and martensite in 2 w/o Cu DPPH alloy 
as a function of aging temperature. 
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Table 24 gives the microindentation hardness readings in both the ferrite and 
martensite in the 1,2 and 3 w/o Cu DPPH alloys in the as sintered and aged (538 oC for 1 
h) conditions.  As the copper level increases the microindentation hardness of both phases 
increases.  Due to copper precipitation there is also an increase in microindentation 
hardness in both phases from the sintered to the aged condition.  The increase in the 
microindentation hardness is larger in the martensite than in the ferrite at all three copper 
levels. 
 
 
Table 24: Microindentation hardness of ferrite and martensite in DPPH alloys in the 
sintered and aged conditions. 
 
Alloy Martensite Ferrite
and Condition Average HV10 gf Average HV10 gf
1 w/o Cu DPPH As sintered 282 191
1 w/o Cu DPPH Aged 317 195
2 w/o Cu DPPH As sintered 330 218
2 w/o Cu DPPH Aged 377 234
3 w/o Cu DPPH As sintered 335 227
3 w/o Cu DPPH Aged 393 236
 
 
 
 
There has been conjecture that recovery occurred in the martensite phase of the 
DPPH alloys.  An all-martensitic copper free grade was produced and its tensile 
properties were measured to determine if there was any increase in ductility at aging 
temperatures typical of those used for copper precipitation in the DPPH alloys.  The lack 
of any significant increase in elongation at aging temperatures approaching 593 oC 
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indicates no significant recovery occurred (Table 20). From the tensile properties it was 
determined that no recovery in the martensite took place at aging temperatures up to 538 
oC.  Microindentation hardness measurements were made on the copper-free PM and cast 
alloy.  The microindentation hardness of both the ferrite and martensite in the as sintered 
and aged conditions (538 oC, 1h) are shown is Table 25.  In both the PM and cast alloys 
there was no significant decrease in the microindentation hardness of either the 
martensite or ferrite when the alloys were aged.  This is consistent with the tensile results 
for the all martensite alloy, showing that there was no significant recovery or softening of 
the martensite which may contribute to the ductility increase.  This resistance of the 
martensite to tempering in similar alloy systems has been reported elsewhere [102]. 
 
 
Table 25: Microindentation hardness of ferrite and martensite DP copper-free alloys (PM 
and Cast) in the as sintered and aged conditions. 
 
 
 
Alloy Martensite Ferrite
and Condition Average HV10 gf Average HV10 gf
0 w/o Cu PM As sintered 320 197
0 w/o Cu PM Aged 310 179
0 w/o Cu Cast As sintered 401 171
0 w/o Cu Cast Aged 403 186
 
 
 
Since the formulation of a deformation theory requires knowledge of the 
inhomogeneous stress-strain distribution in the two phases the microindentation hardness 
was measured as a function of strain for the 2 w/o Cu DPPH alloy in the aged condition. 
Tensile specimens were subjected to various levels of plastic strain up to the fracture 
strain.  The microindentation hardness levels of the ferrite and martensite were measured 
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and the results are plotted in Figure 63.  The microindentation hardness increases with 
increasing strain as it approaches the fracture strain in the ferrite and martensite.  As the 
applied strain approaches the fracture strain, the microindentation hardness of each phase 
decreases.  The microindentation of the martensite decreases more rapidly than it does in 
the ferrite and, as a result, the difference in microindentaion hardness between the two 
phases becomes lower at higher strains. 
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Figure 63: Microindentation hardness of ferrite and martensite in aged (538 oC, 1h) 2 w/o 
Cu DPPH alloy as a function of strain. 
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CHAPTER 5: DISCUSSION 
 
 Although not the primary focus of this thesis the performance of the DPPH alloys 
needs to be considered in relation to competitive materials.  The commercial objective 
was to produce an alloy that has high strength and toughness with moderate cost to 
compete with other PM and wrought alloys.  To achieve this goal the alloy that was 
developed utilized concurrently a DP microstructure and PH.   
 There are several key advantages to the DPPH alloy that result in mechanical 
properties that are superior to those of commercially available PM alloys.  First, the lean 
alloy content, especially in comparison with 17-4 PH PM stainless steel (Table 11) not 
only provides a lower cost but also results in a powder which is easier to compact leading 
to higher final densities. Secondly, the as atomized microstructure of the powder is 
ferritic, which is relatively soft and compressible, leading to a further increase in density 
over other PM alloys.  The mechanical properties of the DPPH alloys, even in the 
sintered condition, are superior to those of conventional PM materials such as 17-4 PH 
which have been heat treated (Figure 31).  The microstructure, and hence the mechanical 
properties, of the alloy can be modified by the sintering temperatures, thereby allowing 
the same alloy to be used in applications calling for different combinations of strength 
and ductility. 
 Normally the high strength levels of the DPPH alloys can only be achieved in PM 
stainless steels by adding carbon in the form of graphite to alloys such as 410L.  While 
this increases the strength of the alloy to levels approaching those of the DPPH alloy, it is 
at the expense of ductility and impact energy, resulting in levels far below those achieved 
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in the new alloy. The addition of graphite also dramatically lowers corrosion resistance 
and can have a negative impact on fatigue properties. 
 Because of these benefits, the DPPH alloy system has been commercially 
introduced and has been tested in several applications requiring high strength coupled 
with ductility and moderate corrosion resistance.  These applications include racers for 
door hinges, shifter parts, vanes for turbochargers and gun parts. 
 While the DPPH alloys met their commercial objectives, academic interest in the 
alloy system focuses on the concurrent increase in strength and ductility upon aging. This 
is the key feature differentiating the alloy system from other PM high strength alloys.
 At room temperature the microstructure of the DPPH alloys consists of ferrite and 
martensite: this is the definition of a DP alloy. The ratio of ferrite to martensite is 
dependent on the sintering temperature and chemical composition (primarily copper).  In 
contrast to conventional low alloy DP steels, the DPPH alloys are predominately 
martensitic with ferrite as the minor phase.  
As previously discussed, the austenite to martensite transformation that occurs 
during cooling from the sintering temperature is accompanied by a volume increase.  To 
accommodate this volume expansion and the deformation accompanying the martensitic 
transformation, a large number of geometrically necessary dislocations (those necessary 
to maintain continuity between the phases) are introduced into the ferrite grains.  Since 
the volume fraction of martensite in the current DPPH alloys is significantly higher then 
in conventional low alloy DP steels, one would expect a higher number of locations at 
which ferrite accommodates the volume change, and hence the distribution of mobile 
dislocations will be relatively uniform. 
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In low alloy DP steels, performance is linked to the fact that the steels exhibit 
continuous yielding with a high initial strain hardening rate, both of which account for 
their excellent formability.  It has been shown that the main reason for the high work 
hardening rate is the development of dislocations in the ferrite resulting from the 
austenite to martensite transformation.  Interaction of these dislocations with each other, 
and with the martensite grains during deformation, result in high strain hardening rates.  
Hahn has calculated the dislocation densities necessary for continuous and discontinuous 
yielding [103].  This model predicts that mobile dislocation densities of 102-104 /cm2 lead 
to discontinuous yielding, while mobile dislocation densities of 106-108/cm2 lead to 
continuous yielding. Average ferrite dislocation densities in DP steels are dependent on 
the volume fraction of martensite and ranges between 1 to 1.5 x 109 cm2 [104], leading to 
continuous yielding. 
 Examination of Figure 53 confirms that there are three regions in the work 
hardening response of DPPH alloys.  The first is at low strains were the work hardening 
rate is initially high but decreases sharply with strain. The second is at intermediate 
strains where the work hardening rate is essentially constant after a sharp decrease, and 
the last portion of the curve where necking prevails. 
 According to Speich and Miller [105] the high work hardening rate at low strains 
results from three effects: (1) residual stresses generated by the austenite to martensite 
transformation, (2) an increase in dislocation density in the ferrite as a result of the 
generation of both “statistical” and “geometrically necessary” dislocations.  “Statistical 
dislocations” are those resulting from work hardening of the ferrite while “geometrically 
necessary dislocations” are created to maintain continuity at the ferrite/martensite 
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interface, and (3) plastic incompatibility of the phases creating stresses within the 
martensite which are compensated for by back stresses in the ferrite. The back stresses 
restrict the movement of dislocations in the ferrite. 
 It has been shown (section 4.3.2) that a residual compressive stress does occur in 
the DPPH stainless alloys. A comparison of compressive and tensile testing (Figure 40) 
shows that a residual compressive stress exists in the DPPH alloys.  Furthermore, Figures 
41-44 support the conclusion that a DP microstructure must be present for a residual 
stress to exist.  The high initial work hardening rate of the DPPH alloys is evident in 
Figure 9 where the true stress strain curve of the DPPH alloy is disproportionately high 
compared with the all martensitic and all ferritic alloys. 
  At intermediate stages of plastic deformation in conventional DP steels, the work 
hardening behavior is related to the strain gradients between the phases after the residual 
stresses have been eliminated.  The strain gradients in DP steels depend on the 
deformation of the individual phases, the interaction between the two phases and the 
strength and volume fraction of the individual phases.  The complexity of the 
deformation requires continuum mechanics to completely describe the strain gradients. 
Several authors have used microindentation hardness measurements, in conjunction with 
strain hardening plots, to understand the intermediate stages of work hardening [106]. 
Figure 53 shows the differential n-values for DP PM alloys with 0 w/o and 2 w/o 
Cu.  Of practical interest is the intermediate strain level between 0.02 and the uniform 
elongation. After decreasing from the initial high value caused by the residual stress, the 
differential n-value gradually decreases until the uniform elongation is reached.  This 
behavior is typical of DP steels and had been reported elsewhere [92-95,107]. At these 
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strain levels Speich and Miller [105] have compared the work hardening behavior of DP 
steels with that of spherodized high carbon steels [108].  At intermediate strains, the 
increasing back stress in the ferrite caused by plastic strain gradients between the ferrite 
and the martensite is the major contributor to work hardening. At higher plastic strains, 
the back stresses become essentially constant and therefore the dislocation density 
necessary to maintain the interfaces between the two phases (geometrically necessary) 
remains nearly constant. Work hardening is then a result of the statistically stored 
dislocation density (those due to the interaction of dislocations).  
From this discussion it is also clear why a certain level of both phases is necessary 
to observe this concurrent increase in both strength and ductility.  At higher volume 
fractions of either phase there is insufficient plastic incompatibility between the 
individual grains and therefore the work hardening rate should decrease at higher strains.  
In the all martensitic version of the 2 w/o Cu DPPH alloy, the work hardening rate 
decreases steadily with increasing strain, as shown in Figure 51. Likewise in a ferritic 
grade of stainless steel (also shown in Figure 51), at intermediate strains, the work 
hardening rate decreases with increasing strain after an initial increase in work hardening 
rate.   
The effect of the precipitation of copper on work hardening also varies with the 
microstructure. Figures 52 (c) and (d) show the instantaneous work hardening rate of the 
martensitic copper bearing alloys. The alloys exhibit a steady decrease in work hardening 
rate with increasing strain, leading to low levels of total elongation.  However the ferritic 
compositions of the copper alloys (Figures 52 (a) and (b)) show the work hardening 
plateau previously seen in the DP microstructures. At intermediate strains in this alloy 
 138
there is an increase in the work hardening rate.  The strain hardening behavior in these 
alloys can be explained by the type of precipitates formed.   
Observations of the instantaneous work hardening rate can be used to explain the 
influence of the matrix microstructure on the precipitation process.  All three 
microstructures (DP, ferritic and martensitic) exhibit hardening associated with copper 
precipitation as is evident from the differences in apparent hardness between the sintered 
and aged conditions.  However, Maruyama et al [104] have shown that in the martensite, 
a majority of the precipitates are located on internal dislocations in laths and on lath 
boundaries where rapid coarsening occurs, associated with grain boundary diffusion. In 
ferrite the copper precipitates are fine and homogeneously distributed as a result of 
slower diffusion of copper compared to a dislocated microstructure. As a result of the 
rapid growth of precipitates in the martensite, the amount of BCC copper precipitates is 
small compared with those in the ferrite.  It is the coherent BCC copper precipitates that 
are most effective in increasing strength and hardness.  Since the dislocation density of 
the martensite is high (109-1010 cm-2) prior to aging, a majority of the precipitation sites 
in the martensite will be on dislocation/lath boundaries.  This hypothesis is supported by 
Figure 27, which shows that the martensitic grains in the DPPH alloy exhibit ε-FCC 
precipitates, while the ferrite grains do not, even though the aging conditions were 
equivalent.  This is also supported by the fact that in alloys with a martensitic 
microstructure the work hardening rate decreases with strain.  If the precipitates are over 
aged, the possibility that they will be sheared is enhanced, leading to a decrease in work 
hardening with strain.  In addition, further aging will lead to coarsening of the 
precipitates and a decrease in the work hardening upon aging. Figure 52 shows that the 
 139
work hardening rates of the copper-containing martensitic structure decreases upon aging 
while in the copper-free alloy they remain constant.  
In the ferrite matrix, the rate of coarsening will be lower and copper precipitates 
will be smaller and likely to be coherent BCC particles.  Although the overall work 
hardening rate of the ferritic microstructure is much smaller than that of the martensitic 
microstructure (Figure 52), there is an increase in the work hardening rate as strain 
increases in the copper-containing alloys.  The work hardening rate of the copper-free 
alloy remains unchanged from the sintered to aged conditions. Table 22 shows that the 
ductility decreases as the strength and apparent hardness increase during aging. This 
response is expected. 
The previous discussion highlights the fact that the deformation behavior of 
DPPH alloys in not strictly controlled by either of the phases alone.  Instead their 
behavior is the result of the interaction of the two phases. However, this is not to suggest 
that the two phases contribute equally to the deformation. Figure 64 is a re-plot of  Figure 
9 with the addition of the stress-strain curve calculated from the law of mixtures.  In its 
simplest form the stress and strain are divided among the constituents in the ratio of the 
volume fractions of the individual phases. For a DP alloy the relations are: 
 
fmmmDP VV σσσ )1( −+=         (12) 
fmmmDP VV εεε )1( −+=         (13) 
 
where: Vm and Vf are the volume fractions of martensite and ferrite and σm,εm, σf and εf 
are the corresponding true stresses and strains in the martensite and ferrite respectively. 
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Figure 64 shows that the calculated stress-strain curve of the 1 w/o Cu DPPH alloy is 
well below the experimental curves, indicating that, in addition to the influence of the 
individual phases, the interaction between the two phases must be considered.  For 
example, the work hardening rate of the ferrite increases with strain while the work 
hardening rate of the martensite decreases with strain. As a result, strain gradients exist 
within the DP structure. 
Other forms of the law of mixtures have been proposed, for example, instead of 
assuming the two extreme cases of either isostrain or isostress, variations which assume 
various levels of stress and strain partitioning between the two phases have been derived. 
For two-phase alloys the deformation behavior depends on the geometry and properties 
of the individual phases and on their interaction with each other. Therefore physical data 
for the individual phases must be available to support these variations. The local strain 
behavior in the 2 w/o Cu DPPH alloy has been studied as a function of strain by 
measuring the microindentation hardness of the ferrite and martensite during tensile 
deformation. The microindentation hardness of the two phases increases with increasing 
strain. This increase in hardness in both phases as strain progresses contributes to the 
excellent work hardening behavior of the DP alloy, as shown in Figure 64.  The strain 
field that produces this inhomogeneous deformation is difficult to predict and the use of 
continuum mechanics would be helpful. 
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Figure 64: Stress-strain curves for individual-phases (martensite and ferrite) and for 
predicted and calculated curves (from law of mixtures) of the 1 w/o Cu DPPH alloy. 
 
   
 
While the uniform strain is limited by the onset of plastic instability, the 
nonuniform strain during necking is controlled by sample geometry, strength, strain 
hardening behavior and pore collapse. Since the work hardening rate after uniform 
elongation decreases rapidly it is difficult to use this as a tool to understand the strain 
obtained beyond the point of plastic instability.  Table 23 clearly shows that the 2 w/o Cu 
DPPH alloy displays high post uniform strain (εn-necking strain) with increased aging 
time and a significant increase compared with the sintered condition. 
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Steinbrunner et al. [96] have shown that the deformation in the necked region is 
controlled by the microstructure through the distribution of void nucleation sites and by 
the local stress state at the voids. Void growth and coalescence have been correlated with 
the high local strains associated with necking.  In section (4.4), two modes of 
deformation were identified.  In the sintered condition there were a significant number of 
microcracks with little deformation of the martensite phase. In the aged condition there 
were fewer microcracks and deformation of the martensite was clearly visible. 
Byun and Kim [40] classified the deformation of DP steels into three stages.  In 
the first stage both phases deform elastically.  In stage II the ferrite deforms plastically 
due to its lower yield strength while the martensite remains in the elastic state. Finally in 
stage III the ferrite reaches its strain capacity and transfers the strain across the ferrite-
martensite interfaces leading to deformation of the martensite. It has been found that void 
formation (or microcracking) is dependent on the differences in properties of the ferrite 
and martensite. A significant difference in hardness between the two phases leads to the 
formation of a high number of voids, distributed not only close to the fracture surface but 
over the entire necked region.  The ferrite-martensite interface becomes the weak point 
and void formation occurs in this region. Generally the cracks form at the interface 
between the two phases or in the ferrite (Figure 57). As the difference in hardness 
between the two phases decreases the number of voids is reduced and they are located 
closer to the fracture (Figure 56) where the strain is highest. As the strength of the two 
phases becomes closer, deformation of both the ferrite and martensite grains occurs 
(Figure 58). Figure 61 confirms the larger deformation of the aged alloy by comparing 
the deformation of the pores. Figure 63 shows the microindentation hardness of both the 
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ferrite and martensite as a function of strain.  Due to strain hardening in each phase there 
is an increase in hardness as strain progresses. As the strain approaches the fracture strain 
the hardness of the martensite decreases more rapidly than the ferrite. In the undeformed 
state the ratio of the martensite/ferrite hardness is 1.62, however prior to the uniform 
strain the hardness ratio decreases to 1.36 and this reduces the strain gradients between 
the two phases, leading to a higher necking strain.  
The necking strain (post uniform strain) is dependent on void nucleation and 
growth. If the voids are more numerous the spacing between the voids is reduced and the 
plastic strain required to join the voids is lower.  The voids nucleate at regions of 
localized strain discontinuities such as phase boundaries.  As the plastic strain increases, 
the voids grow, coalesce and finally form continuous paths for fracture.  As a result of the 
voids the fracture exhibits numerous cup like features; this is shown in Figure 60.  As 
shown previously, the aged alloys exhibit fewer microcracks (voids) than the sintered 
alloys and therefore require a larger strain to complete the fracture path.  This leads to an 
increase in the necking strain compared with the sintered condition (Table 23).    
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CHAPTER 6: CONCLUSIONS 
 
 
From a commercial standpoint a DP microstructure, in combination with PH provides 
an alloy system that has a combination of strength, apparent hardness and ductility that 
currently does not exist commercially in the PM industry. The primary objective of this 
research was to understand the simultaneous increase in ductility and strength during 
aging of the DPPH alloys. To this end, the following major conclusions can be drawn: 
 
1) For the ductility to increase upon aging in combination with a strength and hardness 
increase, a DP microstructure is necessary.  Ferrite levels > 10 v/o are necessary to 
achieve the ductility increase. 
2) The ductility increase is not limited to PM alloys. Cast and wrought commercial 
grades of similar chemistry are found to display similar behavior. 
3) The precipitation kinetics of copper in a ferritic matrix is slower than in a martensitic 
matrix, as determined by the time to achieve peak strength and hardness at a given 
temperature. 
4)  From tensile/compressive experiments it was determined that a compressive residual 
stress exists in the martensite due to the phase transformation of austenite to 
martensite during cooling from the sintering temperature.  
5) The compressive residual stress in the martensite results in a higher initial work 
hardening rate in the DPPH alloys, leading to increases in uniform elongation after 
aging. 
6) The initial work hardening rate decreases with increased aging temperatures in the 
DPPH alloys due to thermal recovery of the initial compressive residual stress. 
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7) Due to the residual compressive stress, the yield strength in tension in the as sintered 
condition is higher than the yield strength in compression.  
8) Tensile fracture in DPPH alloys with ferrite levels > 10 v/o occurs by necking and is 
ductile. At lower ferrite levels < 10 v/o brittle fracture occurs. 
9) The work hardening rate in a martensitic microstructure decreases with strain. 
Evidence suggests that copper precipitates on laths and dislocations where rapid 
growth can take place leading to a lower percentage of BCC precipitates. The latter is 
the most effective morphology for increasing strength and hardness. 
10)  The work hardening rate in a ferrite matrix increases at intermediate strains. Aging of 
the ferrite gives the expected response, namely that ductility decreases as strength and 
hardness increase. 
11)  The work hardening rate of DPPH alloys can be divided into three regimes. First is 
the initial work hardening rate governed by the compressive residual stress developed 
during the phase transformation; this occurs at low strains.  At intermediate strains the 
work hardening rate is governed by the interaction of the two phases and is a result of 
an inhomogeneous strain distribution.  This stage occurs up to the point of uniform 
elongation. The last stage is work hardening in necking and this is controlled by the 
relative strengths of the individual phases.  If the phases are similar in strength they 
deform simultaneously and a high post necking strain exists.  If there is a large 
difference between the strengths of the ferrite and the martensite, the interface 
becomes the weak point and voids are created during straining.  These voids coalesce 
and initiate fracture leading to lower post uniform strains. 
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12)  The concurrent increase in ductility with strength and hardness in DPPH alloys is due 
to the increase in strain hardening produced by inhomogeneous deformation between 
the ferrite and martensite and by the resistance to dislocation motion of the second 
phase particles. 
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CHAPTER 7: RECOMMENDATIONS FOR FUTURE WORK 
 
  
The behavior of the DPPH alloys centers primarily on the dislocation substructure 
and precipitates. Therefore it would be useful to study a number of related phenomena 
via transmission electron microscopy (TEM): 
1) Observation of the dislocation structure in the ferrite (adjacent to the martensite) 
in the sintered and aged conditions to confirm the generation of the compressive 
residual stress in the martensite. 
2) Direct TEM observation of grain boundary carbide precipitation in martensite at 
486 °C during aging. 
3) Develop evidence that during tensile deformation of ferrite and martensite 
containing copper precipitates, there is Orowan looping (bypassing), rather than 
dislocation shear of the precipitates. 
4) Determine the predominant precipitate structure in a martensite and a ferrite 
matrix (i.e. FCC or BCC) in the DP steels. 
5) Document the changes in dislocation structure as a function of strain and correlate 
this with the attendant stages of work hardening. 
 
Additionally, not related to TEM: 
 
1) Measure microindentation hardness as a function of strain in the ferritic 
microstructure in order to understand work hardening in the individual phases.  
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2) Determine the ratio of microindentation hardness in the two phases in an attempt 
to relate this property to the work hardening behavior in a DP microstructure. 
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 APPENDIX I 
 
 
 
 
Diffusion distances for various elements were calculated using a method outlined 
by Schaeffler [109] in which each grain was considered a sphere with solute on the 
surface of the sphere diffusing in to the center of the sphere.  This method was originally 
developed by Karlsson and Larsson [110-111] for both solid-solid (one phase) and solid-
liquid (two-phase) diffusion.  Homogenization was considered complete when the 
concentration inside the sphere was 99% of the concentration at the outer boundary.  For 
both one and two-phase diffusion the authors derived a diffusion equation of the form: 
 
  D t/ x2 = 0.3        (12) 
 
D is the diffusion coefficient of the alloying element in iron, t is the time and x is the sum 
of the radii of both the iron and the alloying element.  The solid state diffusion 
coefficients for chromium, copper, molybdenum, silicon and nickel were taken from 
Smithells [112].  Diffusion distance for the elements was plotted as a function of 
temperature, with the temperatures corresponding to the range of sintering temperatures 
used in this study.  The results are shown in Figure 65. 
Since the diffusion of copper is critical to the mechanical behavior of the DPPH 
alloys the diffusion of copper versus temperature for a 30 min time period is shown in 
Figure 66.   
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Figure 65: Calculated diffusion distance as a function of temperature and time for 
elements in DPPH alloys: (a) 982 oC, (b) 1121 oC, (c) 1204 oC and (d) 1260 oC. 
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Figure 66: Calculated diffusion distance for copper as a function of temperature at 
constant time (30 min).  
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APPENDIX II 
 
 
Physical properties were measured on the alloys cited in Table 5 as a function of 
compaction pressure and sintering temperature.  For reference the results are listed in this 
appendix. 
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Table 26: Mechanical properties of Alloy A from Table 5 (sintered and aged 538 oC, 1h). 
 
 
Sintered
0.2% YS UTS Maximum 
Elongation
Apparent 
Hardness
Sintered 
Density
C O N
(MPa) (MPa) (%) (R/B) (g/cm³) (w/o) (w/o) (w/o)
444 587 3.1 49 6.62 0.008 0.15 0.022
504 624 1.4 52 6.63 0.016 0.20 0.047
477 584 1.1 52 6.64 0.018 0.22 0.06
Aged
465 558 3.8 50 6.61 0.018 0.10 0.022
515 615 1.5 54 6.63 0.016 0.20 0.047
504 595 1.2 54 6.64 0.021 0.22 0.06
368 MPa     1260 oC  
686 MPa     1177 oC  
627 MPa     1120 oC  
368 MPa     1260 oC  
686 MPa     1177 oC  
627 MPa     1120 oC  
Compaction Pressure 
&  Sintering 
Temperature
Tensile  Properties Chemistry
 
 
 
 
Table 27: Mechanical properties of Alloy B from Table 5 (sintered and aged 538 oC, 1h). 
 
 
Sintered 
Sintered 
Density
Apparent 
Hardness
Impact 
Energy 0.2% YS UTS
Maximum 
Elongation
Apparent 
Hardness
Sintere
d 
C S O N
(g/cm³) (R/B) (ft-lbs.) (MPa) (MPa) (%) (R/B) (g/cm³) (w/o) (w/o) (w/o) (w/o)
6.61 64 21 359 475 3.93 66 6.62 0.008 0.001 0.13 0.003
6.62 68 18 348 477 3.83 69 6.64 0.007 0.001 0.12 0.008        
6.62 75 15 408 555 2.46 77 6.62 0.014 0.003 0.18 0.025
6.62 80 12 464 595 1.72 82 6.60 0.014 0.003 0.19 0.035
6.61 81 11 469 595 1.56 82 6.61 0.015 0.005 0.18 0.042
6.63 83 9 466 599.0 1.43 85 6.62 0.016 0.008 0.19 0.058
                       
Aged
6.60 64 24 373 373 475 67 6.61 0.005 0.001 0.16 0.003
6.61 69 21 363 363 489 71 6.66 0.008 0.001 0.16 0.009
6.62 77 16 441 441 553 79 6.69 0.015 0.002 0.19 0.016
6.62 81 12 482 482 598 84 6.63 0.016 0.004 0.2 0.036
6.62 82 11 502 502 611 85 6.63 0.017 0.008 0.19 0.049
6.63 84 10 509 509 617 86 6.65 0.017 0.008 0.24 0.058682 MPa     1120 oC  
450 MPa     1232 oC  
600 MPa     1204 oC  
641 MPa     1177 oC  
655 MPa     1149 oC  
641 MPa     1177 oC  
655 MPa     1149 oC  
682 MPa     1120 oC  
368 MPa     1260 oC  
Compaction Pressure 
&  Sintering 
Temperature
368 MPa     1260 oC  
450 MPa     1232 oC  
600 MPa     1204 oC  
Impact  Properties Tensile  Properties Chemistry
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Table 28: Mechanical properties of Alloy C from Table 5 (sintered and aged 538 oC, 1h). 
 
 
Sintered
Sintered 
Density TRS
Dimensional 
Change
Apparent 
Hardness
Sintered 
Density
Apparent 
Hardness
Impact 
Energy
0.2% YS UTS Maximum 
Elongation
Apparent 
Hardness
Sintered 
Density
C O N
(g/cm³) (MPa) (%) (R/B) (g/cm³) (R/B) (ft-lbs.) (MPa) (MPa) (%) (R/B) (g/cm³) (w/o) (w/o) (w/o)
6.61 999 -4.27 67 6.58 66 21 368 485 3.5 67 6.61 0.011 0.10 0.007
6.63 1046 -3.19 73 6.60 70 19 380 513 3.4 73 6.64 0.012 0.10 0.020
6.63 1108 -1.51 78 6.61 76 14 411 564 2.7 77 6.64 0.021 0.14 0.031
6.63 1128 -0.91 81 6.62 79 11 454 601 2.2 80 6.62 0.022 0.12 0.032
6.64 1108 -0.78 83 6.63 81 10 471 608 2.0 81 6.62 0.026 0.15 0.041
6.64 1106 -0.64 84 6.62 82 9 489 618 1.8 83 6.62 0.026 0.16 0.051
                       
Aged
6.61 1137 -4.29 73 6.59 70 22 407 521 4.7 72 6.60 0.010 0.11 0.005
6.64 1141 -3.20 75 6.60 75 21 400 538 4.4 76 6.64 0.011 0.13 0.020
6.62 1201 -1.49 82 6.61 80 15 461 593 3.2 81 6.64 0.021 0.15 0.024
6.64 1230 -0.94 85 6.63 83 11 510 631 2.1 84 6.63 0.024 0.15 0.025
6.65 1206 -0.79 86 6.63 84 10 526 643 1.9 85 6.62 0.026 0.17 0.036
6.64 1194 -0.65 87 6.63 85 8 535 634 1.5 86 6.63 0.026 0.18 0.046
Chemistry
654 MPa     1120 oC  
450 MPa     1232 oC  
573 MPa     1204 oC  
627 MPa     1177 oC  
641 MPa     1149 oC  
627 MPa     1177 oC  
641 MPa     1149 oC  
654 MPa     1120 oC  
392 MPa     1260 oC  
392 MPa     1260 oC  
450 MPa     1232 oC  
573 MPa     1204 oC  
Compaction Pressure 
&  Sintering 
Temperature
Sintered  Properties Impact  Properties Tensile  Properties
 
 
 
Table 29: Mechanical properties of Alloy D from Table 5 (sintered and aged 538 oC, 1h). 
 
 
 
 
 
 
 
Sintered
Sintered 
Density TRS
Dimensional 
Change
Apparent 
Hardness
Sintered 
Density
Apparent 
Hardness
Impact 
Energy 0.2% YS UTS
Maximum 
Elongation
Apparent 
Hardness
Sintered 
Density
C O N
(g/cm³)
(MPa) (%)
(R/B) (g/cm³) (R/B) (ft-lbs.)
(MPa) (MPa) (%)
(R/B) (g/cm³)
(w/o) (w/o) (w/o)
6.63 1159 -4.76 78 6.63 71 16 417 530 3.0 72 6.66 0.006 0.15 0.019
6.64 1297 -1.47 86 6.57 74 13 485 627 2.7 84 6.66 0.009 0.18 0.015
6.62 1269 -1.25 85 6.64 77 10 475 607 2.5 80 6.69 0.011 0.19 0.03
6.65 1285 -1.08 88 6.65 81 10 496 634 1.8 84 6.69 0.016 0.16 0.034
6.66 1170 -0.81 83 6.54 80 8 502 622 1.6 84 6.65 0.012 0.21 0.052
6.67 1143 -0.69 85 6.56 84 7 518 631 1.2 87 6.68 0.021 0.22 0.063
Aged
6.68 1414 -4.08 85 6.63 80 18 498 627 3.7 81 6.66 0.009 0.15 0.021
6.67 1347 -1.63 89 6.57 84 13 591 701 2.5 88 6.66 0.008 0.19 0.021
6.66 1390 -1.03 89 6.64 85 11 600 707 1.9 89 6.69 0.014 0.19 0.028
6.65 1356 -0.93 90 6.66 88 10 649 741 1.5 92 6.69 0.012 0.2 0.038
6.66 1284 -0.84 92 6.63 88 9 628 693 1.1 91 6.65 0.018 0.21 0.039
6.67 1348 -0.74 93 6.67 90 7 669 722 1.0 94 6.68 0.022 0.21 0.06
655 MPa     1204 oC  
682 MPa     1177 oC  
682 MPa     1149 oC  
723 MPa     1120 oC  
682 MPa     1149 oC  
723 MPa     1120 oC  
409 MPa     1260 oC  
546 MPa     1232 oC  
409 MPa     1260 oC  
546 MPa     1232 oC  
655 MPa     1204 oC  
682 MPa     1177 oC  
Compaction Pressure 
&  Sintering 
Temperature
Sintered  Properties Impact  Properties Tensile  Properties Chemistry
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Table 30: Mechanical properties of Alloy E from Table 5 (sintered and aged 538 oC, 1h). 
 
 
Sintered
Sintered 
Density TRS
Dimensional 
Change
Apparent 
Hardness
Sintered 
Density
Apparent 
Hardness
Impact 
Energy
0.2% YS UTS Maximum 
Elongation
Apparent 
Hardness
Sintered 
Density
C O N
(g/cm³) (MPa) (%) (R/B) (g/cm³) (R/B) (ft-lbs.) (MPa) (MPa) (%) (R/B) (g/cm³) (w/o) (w/o) (w/o)
6.67 1123 -4.07 75 6.66 75 16 452 580 2.8 77 6.74 0.008 0.08 0.016
6.67 1199 -1.57 78 6.66 79 14 471 602 2.4 80 6.71 0.018 0.1 0.019
6.65 1176 -1.02 79 6.64 79 11 460 589 1.9 80 6.65 0.027 0.14 0.033
6.65 1183 -0.91 81 6.65 81 10 473 608 1.9 82 6.66 0.011 0.13 0.041
6.66 1170 -0.81 83 6.65 82 8 477 627 1.8 83 6.66 0.018 0.14 0.046
6.67 1143 -0.69 85 6.65 83 8 466 610 1.6 84 6.66 0.024 0.15 0.062
                       
Aged
6.68 1414 -4.08 85 6.66 84 16 569 693 2.9 87 6.75 0.017 0.1 0.025
6.67 1347 -1.63 89 6.67 88 14 609 730 2.3 90 6.71 0.015 0.11 0.027
6.66 1390 -1.03 89 6.65 88 10 594 699 1.8 90 6.66 0.026 0.14 0.032
6.65 1356 -0.93 90 6.65 89 10 614 722 1.6 91 6.65 0.016 0.15 0.042
6.66 1284 -0.84 92 6.66 90 8 630 737 1.5 92 6.65 0.016 0.18 0.049
6.67 1348 -0.74 93 6.66 91 8 630 721 1.3 92 6.66 0.017 0.18 0.063
409 MPa     1260 oC  
586 MPa     1232 oC  
627 MPa     1204 oC  
641 MPa     1177 oC  
655 MPa     1149 oC  
668 MPa     1120 oC  
655 MPa     1149 oC  
668 MPa     1120 oC  
409 MPa     1260 oC  
586 MPa     1232 oC  
Compaction Pressure 
&  Sintering 
Temperature
Tensile  Properties ChemistrySintered  Properties Impact  Properties
627 MPa     1204 oC  
641 MPa     1177 oC  
 
 
 
 
Table 31: Mechanical properties of Alloy F from Table 5 (sintered and aged 538 oC, 1h). 
 
 
 
 
Sintered
Sintered 
Density TRS
Dimensional 
Change
Apparent 
Hardness
Sintered 
Density
Apparent 
Hardness
Impact 
Energy
0.2% YS UTS Maximum 
Elongation
Apparent 
Hardness
Sintered 
Density
C O N
(g/cm³) (MPa) (%) (R/B) (g/cm³) (R/B) (ft-lbs.) (MPa) (MPa) (%) (R/B) (g/cm³) (w/o) (w/o) (w/o)
6.63 1130 -4.06 86 6.61 75 13 455 573 2.5 77 6.68 0.008 0.18 0.022
6.63 1134 -1.66 82 6.62 78 11 463 594 2.1 80 6.65 0.023 0.18 0.029
6.62 1201 -1.23 82 6.62 80 8 451 586 1.8 80 6.62 0.018 0.28 0.035
6.64 1150 -1.08 80 6.63 82 8 476 605 1.6 83 6.64 0.022 0.21 0.033
6.62 1100 -0.97 78 6.61 82 7 476 602 1.4 83 6.62 0.022 0.28 0.049
6.65 1102 -0.74 75 6.64 85 6 497 600 1.2 86 6.63 0.022 0.29 0.074
Aged
6.64 1393 -4.09 87 6.61 86 14 582 709 2.9 86 6.70 0.010 0.24 0.021
6.64 1381 -1.69 89 6.63 88 12 609 727 2.0 89 6.66 0.012 0.29 0.033
6.63 1317 -1.27 91 6.63 90 8 607 696 1.6 89 6.62 0.022 0.31 0.037
6.64 1350 -1.08 92 6.64 91 8 631 727 1.3 92 6.64 0.045 0.32 0.043
6.62 1263 -1.00 92 6.62 91 7 638 713 1.2 91 6.62 0.027 0.26 0.056
6.65 1248 -0.77 94 6.64 92 8 637 685 0.9 93 6.64 0.021 0.31 0.07
627 MPa     1232 oC  
655 MPa     1204 oC  
682 MPa     1177 oC  
Compaction Pressure 
&  Sintering 
Temperature
450 MPa     1260 oC  
Sintered  Properties Impact  Properties
682 MPa     1149 oC  
723 MPa     1120 oC  
Tensile  Properties Chemistry
450 MPa     1260 oC  
627 MPa     1232 oC  
655 MPa     1204 oC  
682 MPa     1177 oC  
682 MPa     1149 oC  
723 MPa     1120 oC  
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Table 32: Mechanical properties of Alloy G from Table 5 (sintered and aged 538 oC, 1h). 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Sintered
Sintered 
Density TRS
Dimensional 
Change
Apparent 
Hardness
Sintered 
Density
Apparent 
Hardness
Impact 
Energy 0.2% YS UTS
Maximum 
Elongation
Apparent 
Hardness
Sintered 
Density
C O N
(g/cm³) (MPa) (%) (R/B) (g/cm³) (R/B) (ft-lbs.) (MPa) (MPa) (%) (R/B) (g/cm³) (w/o) (w/o) (w/o)
6.62 1185 -2.98 80 6.60 79 13 464 604 2.58 79 6.68 0.020 0.10 0.016
6.62 1174 -1.12 83 6.61 82 11 482 617 2.10 82 6.61 0.021 0.11 0.026
6.64 1159 -0.94 84 6.62 82 10 484 622 1.99 82 6.62 0.025 0.12 0.026
6.64 1172 -0.85 84 6.62 83 10 479 618 1.80 83 6.63 0.024 0.14 0.030
6.63 1161 -0.76 84 6.62 82 9 493 618 1.73 83 6.61 0.023 0.14 0.036
6.64 1112 -0.66 86 6.64 85 8 537 675 1.47 85 6.64 0.031 0.15 0.060
Aged
6.64 1441 -3.09 89 6.61 87 14 581 709 2.56 87 6.68 0.014 0.09 0.016
6.63 1387 -1.17 91 6.61 91 12 640 733 1.37 92 6.64 0.018 0.14 0.027
6.64 1368 -0.97 92 6.63 91 11 631 740 1.47 91 6.62 0.023 0.15 0.023
6.65 1386 -0.90 93 6.64 91 10 636 734 1.47 91 6.65 0.029 0.14 0.028
6.64 1325 -0.82 93 6.62 92 9 632 710 1.22 91 6.63 0.024 0.14 0.035
6.67 1304 -0.71 94 6.65 94 7 650 739 1.18 93 6.65 0.026 0.15 0.052
Tensile  Properties Chemistry
682 MPa     1149 oC  
709 MPa     1120 oC  
491 MPa     1260 oC  
641 MPa     1232 oC  
668 MPa     1204 oC  
682 MPa     1177 oC  
668 MPa     1204 oC  
682 MPa     1177 oC  
682 MPa     1149 oC  
709 MPa     1120 oC  
491 MPa     1260 oC  
641 MPa     1232 oC  
Compaction Pressure 
&  Sintering 
Temperature
Sintered  Properties Impact  Properties
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